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DIRECTIONALLY SOLIDIFIED EUTECTIC CERAMICS; IN-SITU
COMPOSITES FOR HIGH TEMPERATURE STRUCTURAL APPLICATIONS

AFOSR GRANT #F49620-00-1-0048
ABSTRACT

Ali Sayir
Department of Materials Science and Engineering
Case Western Reserve University, Cleveland, Ohio.

Eutectics are multiphase structures formed by the cooperative growth of two or more

~phases. Although the internal structure can vary widely, the development of continuous
rods or plates in a matrix can be achieved and, within limits, can be controlled or “tailored”
through directional solidification. The eutectic architecture of a continuous reinforcing
phase within a higher volume phase or matrix, can be described as a naturally occurring in-
situ composite. In-situ composites have been demonstrated to possess mechanical
properties intermediate between monolithic materials and man-made composites and
therefore may produce low cost high temperature structural material.

Although several eutectic systems are currently being studied, two eutectics systems
ALO,/RE,ALO,, (RE = Y, Er, Gd, Nd, Ho, Eu) and Al,0,/Z1O,(Y,0,) have been selected
for the detailed examination of the advantages and the challenges associated with directional
solidification. The ALO,/Y,ALO,, is comprised of two highly creep resistance oxides
whereas Al,0,/ZrO,(Y,0,) combines a highly creep resistant material (Al,0,) with one
having very poor creep properties ( c-ZrO,(Y,0,)). To elucidate the potential of this family
of materials for high temperature applications, parallel research efforts at different
organizations are integrated. The ongoing research is closely coordinated with the efforts of
Dr. S. C. Farmer at NASA Glenn Research Center (GRC), Prof. A. S. Argon at
Massachusetts Institute of Technology (MIT) and Prof E. Dickey at Penn State University
(PSU). The efforts at MIT focuses on the high deformation characteristics of directionally
solidified AL O,/ZrO,(Y,0,). The efforts at PSU focuses on the correlation of interface
structure and bonding from the atomistic length scale.

Research Objective v

The objectives of this program are: (i) to develop directionally solidified eutectic ceramics
with high strength, superior creep resistance and toughness, and (ii) to formulate in-situ
composite mechanics for multiphase structures. The focus of the proposed project is to
examine polyphase material systems across a broad compositional and therefore
microstructural range, which includes but is not limited to eutectic growth (i.e. off-eutectic
and eutectic materials).

ALO,/Zr0,(Y,0;,) System

0,- Z10, (Y,0,) eutectic material exhibit a minimum creep rate of 10° s under 50 MPa
and 107° under 300 MPa load at 1400 °C. These values are better than the creep value
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expected for off-axis sapphire but substantially below c-axis AL, O, creep values. Increasing
the amount of ALO,, the more creep resistant phase, is one means to improve the high
temperature creep resistance of ALO,- ZrO, (Y,0,) eutectic materials. Mechanical
properties are expected to be affected not only by the volume per cent of AL O, but also by
the ZrO, polymorph. The creep resistance of c-ZrO, at 1400 °C exhibits a two-fold
increase in flow stress with increase in solute content due to solid solution hardening [1].
Partially stabilized ZrO, (cubic plus tetragonal polymorphs) crept under similar conditions
shows potent high temperature precipitation hardening [2]. The purpose of this study was
to examine the effect of increasing Y,0, addition on the room temperature tensile strength
of an Al,O, - ZrO, material containing excess AL O,. Results on mechanical properties and
microstructures of these materials were used to define compositions for creep testing in
future work at MIT. ALO,- ZrO, is of fundamental interest for creep studies as it combines
a creep resistant material, Al,0,, with a very low creep resistance material, ZrO,.

The range of compositions studied was selected so that materials with distributions of both
tetragonal ZrO, and cubic ZrO, could be examined [3]. The 68 m/o ALO, 32 m/o ZrO,
composition is calculated to have ~77 volume per cent AL,O;, a 10 volume per cent increase
relative to the 62 m/o AL,O, (~67 volume per cent) eutectic composition [4]. Adding Y,0,
affects both the ZrO, polymorph(s) and the phase content. Y,0, is soluble in Al O, at the
ppm level. Therefore the 1.1 m/o Y,0, ternary corresponds to a 3.5 m/o ZrO, (Y,0;) solid
solution and is expected to be tetragonal. The 3.2 m/o Y,0, materials, a 10 m/o ZrO,
(Y,0,) solid solution, are expected to be fully cubic- ZrO,. The 5.1 m/o Y,0, composition
lies adjacent to the boundary of the ALO, + ZrO, + Y,ALO,, ternary phase field [3] and
some Y,ALO,, formation will occur. The 7.6 m/o Y,0, composition lies well within the
temary field. Additionally, x moles of Y,0, yield a 2x mole increase in ZrO, solid solution.
So even with no Y,Al,O,, formation, the volume percent of AL,O, continuously decreases
from its maximum value of 77 percent.

The study examined fracture strength of directionally solidified 68 m/o AlL,O; hypoeutectic
compositions at varying Y,0, contents (Figs. 1 and 2). The Y,0, content had a pronounced
effect on the microstructure and fracture characteristics. Both the degree of supercooling
caused by Y,0, additions and the degree of solute rejection to the colony boundary regions
- were profound, Figs. 3 and 5. This effect was underestimated in the design of this study.
Hypoeutectic materials with AL,O, contents intermediate between 68 m/o and the 62 m/o
Al O, eutectic composition and with minimal Y,0, contents will be pursued in further
studies. The ALO,-ZrO,(Y,O,) materials were highly tolerant of growth defects
maintaining an average strength of 1 GPa in the presence of pores and large shrinkage
cavities, which extend with crack-like morphology along the fiber axis, Fig. 4. Critical
defects were external facets for specific compositions (Fig. 6), intercolony pores and other
stress concentrators contained within the low toughness Al,O; phase that is in residual

tension.

AL,0,/Er,A1LO,, System

A systematic study has been initiated aimed at identifying the sources of high levels of creep
resistance in the directionally solidified AL,O,/RE,ALO,, system. The results presented
here are part of a broader research effort involving the study of single crystals of ALO;,
Er,ALO,,, directionally solidified eutectic and hypoeutectic compositions of the
Er,ALO,,/ALO, system. We first report the results on creep experiments of directionally
solidified AlL,0,/Er,ALO,, fibers at the AL O, rich region of the Al,O,-Er,0, phase diagram
[5] followed by discussion of deformation study of the eutectic composition. There are no
previous deformation studies on the Al,0,/Er,ALO,, eutectic systems and the hypoeutectic
solidification in this system has not been previously explored.




A representative cross-section of directionally solidified ALO,/Er,AL,O,, hypoeutectic
ceramic is shown in Fig. 7. The microstructure consists of ALO, cells (black contrast) as
the major component and Er,AlO, , (white contrast) or AL,O,/Er,AlL;O,, eutectic boundaries
(black/white contrast). The cell size ranges between 10 and 30 um with size increasing
toward the center of the fiber. Figure 8 shows the longitudinal section of a representative
fiber. The ALO, cells have large aspect ratios with lengths ranging from 100 pm to 1 mm.
The cells are longer and wider in the center of the fiber due to the reduced thermal gradient
in the center of the molten zone during fiber growth.

Under applied stress, the fibers show a short primary creep regime (decreasing creep rate)
followed by a constant strain rate creep regime that lasts for deformations up to 1%.
Typically two apparent steady-states were obtained in each experiment. The steady-stage
creep stage ends with an acceleration of the deformation prior to fracture. The
ALO,/Er,AlLO,, system exhibits remarkable creep resistance. The Al,O,/Er,ALO,, system
with hypoeutectic composition results in a unique cellular microstructure with ALO, cells
having aspect ratios up to 100. The creep resistance of the hypoeutectic Al,O,/Er,AlO,,
system is comparable to that of c-axis sapphire and is four orders of magnitude better than
15° off axis sapphire as shown in Fig. 9. The high creep resistance of these fibers is even
more remarkable because the AL,O, cells must have some degree of misalignment. The
differences in phase spacing between the AL O, and Er,Al;O,, components are believed to
create a unique response for each phase and superior creep resistance of the system. In the
AL O, cells the dislocations may glide without great difficulty until they reach an interface
where they may pile up. Transmission electron microscopy studies are necessary to reach
unambiguous conclusions about the effect of the microstructure on test results.

The deformation study of the eutectic composition augmented our understanding about the
mechanism of the deformation. The materials produced at the invariant eutectic point of
ALO,/Er,AlLO,, system had a fine interpenetrating microstructure (Fig. 10) with a typical
phase spacing of 0.5 um and aspect ratio 10. The creep resistance of eutectic
AlL,O,/Er,ALO,, is two orders of magnitude better than hypoeutectic Al,0,/Er;ALO,, at
1400 °C. This is due to lower phase spacing of the AlL,O, phase and increased volume
fraction of creep resistant Er,AL,O,, phase. At low stress levels, the creep rate decreases
monotonically with time (<10"'°s™). This transitory regime occurs in both compositions,
and may last up to 0.1 % of deformations and up to 50 hours. It may give an erroncous
appearance of steady state creep deformation. At high stress levels, the system reaches an
apparent steady state and deformation continues until failure. There is a regime of
accelerated creep prior to failure in most of the experiments (some cases up to 0.5 % strain
at 10 hours). In conclusion, the system does not reach steady state. TEM analysis of the
deformed specimens revealed the dislocation activity was contained only in the AL,O, phase
and was very limited. The absence of dislocations on the deformed specimen and the
particular characteristic of the transitory creep leads to the conclusion that creep is
controlled by diffusion.

Future studies will concentrate on several fundamental aspects of directionally solidified
eutectic ceramics. The completion of TEM studies of crept specimens are necessary to
elucidate creep characteristic (phenomenological understanding of stress relaxation
phenomena) and coarsening will be described. Further studies will concentrate on
strengthening the Al,O, phase and increasing the amount of crack deflection experienced at
the AL O,-ZrO, and Al,0,/RE,ALO, , interfaces through use of dopants in order to achieve
a combination of high strength and an acceptable toughness.
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Fig.1 Weibull probability plot of tensile
strength for (1) 0 m/o, (2) 1.1 m/o and (3)
3.2 m/o Y,0; compositions.

Fig. 2 Weibull probability plot of tensile
strength for (4) 3.2 m/o, (5) 5.1 m/o and (6)
7.6 m/o Y-0s compositions.
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Fig.3 Fine lamellar microstructure of
eutectic material, 62 m/o ALO; — 38 m/o

Fig.4 Banded lamellar microstructure of
alumina rich material, 68 m/o ALO; — 32 m/o
Z10,.

Fig.5 Primary fracture surface in central
fiber region. Fracture occurs within ALO;
with minimal deflection.

Fig.6 7.6 m/o Y0, material. Y3AlOp;
solidifies within intercolony regions along with
smaller (lighter contrast) ZrO; particles.
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Abstract

The microstructure of directionally solidified Al,O5/Er;Al;O;; (19.5 mol% Er,0s) is analyzed and high temperature
creep deformation studied using fibers in tension between 1400° C and 1550° C. The directionally solidified
ALOL/Er;Al;O,, system is an in situ composite and has a fine eutectic- microstructure with sub-micron phase spacing.
The microstructure is elongated in the direction of growth. Transmission electron microscopy observations revealed
well-bonded interfaces and scatter within the crystallographic alignment of the constituent phases. The creep resistance
of the system was very high, comparable to c-axis sapphire, and failure initiated at the lamella interfaces. The influence
of the different elastic and plastic behaviors of the eutectic components on creep is examined. A critical discussion on
the origin of the high stress dependence of the creep rate, the existence of steady state creep, and the relevant micro-
scopic deformation mechanisms is presented.
© 2003 Acta Materialia Inc. Published by Elsevier Science Ltd. All rights reserved.

Keywords: Creep; High temperature; Eutectic; Strain recovery

tion [1-13] but a clear explanation of the origin for
the superior mechanical properties is not available.

A systematic study has been initiated at NASA
Glenn Research Center aimed at identifying the

1. Introduction -

The eutectic architecture of a continuous rein-
forcing phase within a continuous higher volume

phase or matrix can be considered as a naturally
occurring in situ composite. Directionally solidi-
fied eutectic ceramics show superior creep resist-
ance and attractive high temperature strength reten-

* Corresponding author. Tel.: +34-954-556-956; fax: +34-
954-612-097.
E-mail address: martinez@us.es (J. Martinez Fernandez).

sources of high levels of creep resistance in direc-
tionally solidified in situ composites. Directional
solidification at compositions near the eutectic
composition produces very fine microstructures,
whereas solidification at off-eutectic compositions
alters both the size and volume fraction of each
phase. Directional solidification over a selected
composition range of the phase field produced
microstructures ranging from the 100 nm scale at
the eutectic composition to 50 pum at strongly

1359-6454/03/$30.00 © 2003 Acta Materialia Inc. Published by Elsevier Science Ltd. All rights reserved.

doi:10.1016/S1359-6454(02)00571-2
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hypo-eutectic compositions (cellular
microstructure) [6, 7, 14]. The nature of the
interphase-interfaces [1, 3, 13] is not expected to
change during solidification at different volume
fraction of the phases, or at eutectic or hypoeutec-
tic compositions. The focus of this article is on the
deformation characteristic of the Al,O4/Er;Al;O,,
system near the eutectic region and the effect of
volume fraction (lamella dimensions) at hypoeu-
tectic compositions will be presented in a future
article.

The Al,Os/Er;Al;0,, composition was selected
to examine intrinsic characteristics of the direc-
tionally solidified Al,O,/garnet systems. There are
no previous deformation studies on the
ALOS/Er;Al;O, system. Data on the
ALOy/Y;3ALO,, system is available [1, 2, 8, 12]
and provides a basis for comparison with different
AL Os/rare-earth garnet systems. The approach for
the use of monofilaments has been adopted to per-
mit a uniaxial tension test that provides data
regarding the intrinsic - potential of the
ALOS/Er;AlsO;, system.

2. Experimental procedure

ALO4/Er,AlO,; fibers (19.5 mol% Er,0;) were
grown by the laser heated float zone method in air
as described in previous publications [5, 6]. The
source rods were prepared by extrusion without
pre-sintering. To initiate directional solidification,
a seed of single crystal (0001) AlLLO; was used.
The pulling rate was the same for all the fibers (38
cm/h). The monofilament diameter ranged from
140 to 160 pum (typical diameter oscillation of
approximately 10 microns along the fiber) with
lengths up to 40 cm.

Tensile creep deformation was studied using
dead-weight loads and cold grips at elevated tem-
peratures. Most of the deformation experiments
were run in air placing the central part of the fiber
in a MoSi, furnace (CM. Inc., Bloomfield, NJ,
USA) with a 2.5 cm hot zone. The monfilament
was protected with a high purity polycrystalline
alumina or sapphire tube to eliminate any interac-
tion with the heating elements and to thus minim-
ize fiber contamination. Experiments in vacuum

were run using a tantalum furnace (Oxy-gon Indus-
tries Inc, Epsom, NH, USA) with a 7 cm hot zone.
The use of a vacuum environment eliminates the
strain reading noise caused by oscillations of the
room temperature and by the flow of hot air. This
is very critical for the accurate study of loading
transients and creep recovery. The test tempera-
tures ranged from 1400° C to 1550° C. The applied
stresses ranged from 80 to 500 MPa. The elong-
ation was measured with a linear variable differen-
tial transducer (LVDT).

The microstructures of as-fabricated and
deformed monofilaments, mounted in epoxy resin
and polished, were studied by scanning electron
microscopy (SEM). The small diameter monofil-
ament geometry was particularly effective in that
it cools rapidly. Quenching better retains the high
temperature  microstructure. Specimens were
thinned to electron transparency and studied using
transmission electron microscopy (TEM). Special
care was taken when preparing TEM foils from
crept samples. A precision ion thinner was used
and the electron transparent regions were obtained
at distances less than 2 mm from the fracture sur-
face.

3. Results
3.1. As-fabricated microstructure

A representative "cross-section of directionally
solidified Al,O,/Er;Al;O,, ceramic is shown in
Fig. 1. The microstructure consists of alternating
lamellae of ALQO; (black contrast) and Er,Al;O,,
(white contrast). The Er;Al;O,, volume fraction
calculated from the area fraction on SEM micro-
graphs is 60.418.6%, the scatter being due to vari-
ation between sectional cuts of the fiber. The
microstructure consists of eutectic regions and
erbium-rich precipitates indicating that the selected
composition (the eutectic composition on the phase
diagram [15]) lies slightly outside the cooperative
growth region of this system for the processing
conditions used. The average lamellae widths for
AlLO; and Er;AlsO,, phases were 0.31+0.23 um
and 0.4630.35 um, respectively. Figure 2 shows
a representative longitudinal section. The cells are
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Fig.1. SEM micrograph of directionally solidified
ALOy/Er;AL;0,, cross-section showing the complexity of the
fine interlocking microstructure. The white regions are garnet
and the black regions are alumina.

solidified

Fig.2. SEM micrographs of directionally
Al O4/Er;AlL;0,, longitudinal section showing that the micro-
structure is elongated in the direction of growth. The tri-dimen-
sional continuity of the phases is clear from Figs 1 and 2.

elongated in the direction of growth with aspect
ratios between 5 to 25. In many areas, however, it
was difficult to assign an aspect ratio due to the
tri-dimensional continuity of the phases.

There is scatter in the crystallographic orien-
tation between Al,O; and Er;AlsO,, erbium alumi-
num garnet.! In Fig. 3 some frequently found
orientations are shown: c-axis in the alumina

! Gamet will be used from now on to refer to erbium alumi-
num garnet phase. :

lamella is forming 5°-10° with the fiber axis (zone
axis [2110] at 5° from the foil plane), and garnet
with the [110] direction parallel to the fiber axis
(zone axis [011] perpendicular to foil plane).
Additional orientations further off-axis than shown
in Fig. 3 are also found. The crystallographic orien-
tations of neighboring lamellae of the same phase
are similar, indicating that change of orientation
within a phase occurs gradually. TEM observations
indicate that the interfaces are sharp, suggesting a
strong bonding between phases.

3.2. Tensile creep deformation

The creep curves show a primary creep regime
where the creep rate decreases continuously. Fig-
ure 4 shows a typical creep deformation curve at
low stress (190 MPa at 1400° C) where the creep
rate decreases to the limit of detection (=5x10~1°
s™1), with total plastic strains of about 0.05%.
When the applied stress is higher (433 MPa at
1400° C), the system reaches a quasi-steady state
deformation up to failure at total strains of approxi-
mately 0.2%, Fig. 5.

Whether or not a portion of the creep curve
appears linear over a certain time interval depends
on the time scale of the creep curve. The quasi-
steady-state regime in this work is determined by
plots of the strain-rate against the true strain as
suggested by Poirier [16]. The creep deformation
rate, however, was history dependent. Experiments
in which the stress and/or temperature was changed
and subsequently returned to the initial stress and
temperature levels exhibited strain rates markedly
lower than the original strain rates at a given stress
or temperature condition (Fig. 6). This indicates
that a true stationary-state was not reached and the
prefix quasi is used to describe the observed defor-
mation regions. Quasi-steady-state strain character-
istics of the directionally solidified ceramics gave
additional impetus to include the raw data shown
in Figs 4 and 5 for completeness.

The Al,O4/Er;Al;O,, system exhibits remark-
able creep resistance and requires very high loads
to initiate deformation. Figure 7 shows the quasi-
steady-state creep rates for the temperature and
stress regimes tested. The creep rate is very sensi-
tive to the applied stress, having a power law fit
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Fig.3. TEM micrographs of the as-fabricated microstructure (foil prepared in the longitudinal direction, the white regions are
alumina and the black regions are gamet). Diffraction patterns are included. In the case of the alumina region the diffraction pattern
after tilting to a low index region is also included. The monofilament axis is parallel to the {110} direction in garnet and forms 5°—
10° with the c-axis in alumina.
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Fig.4. Creep curve at 1400° C under a stress of 190 MPa. The curve of Fig. 5 is also included to illustrate the calculation of the
stress exponent from the creep rates at failure. Because deformation occurs in the primary creep regime, the stress exponent obtained
this way is overestimated.



J. Martinez Fernandez et al. / Acta Materialia 51 (2003) 1705-1720 1709

0,14 -
012 - 433 MPa
1400 °C
Q 0.1 Stress exponent when the strain
< rates are measured at the same time
[= 0,08 - =26
©
3= 0,06 -
N
0,04 ®
190 MPa
0,02 1400 °C
0 = T T T
-100 400 900 1400 1900 2400
Time (s)

Fig. 5. Creep curve at 1400° C under a stress of 430 MPa. The curve of Fig. 4 is also included to illustrate the calculation of the
stress exponent at a given time. This is a more accurate way to calculate the stress dependence of strain rate when deformation

occurs in the primary creep regime.
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Fig. 6. Creep curve at 1400° C with load increments and decrements. The strain rate at 105 MPa decreases after the first load
increments (140 MPa), and creep recovery (contraction of the monofilament) is observed after the 170 MPa load increment. Creep
recovery is due to the release of elastic stresses built up in the gamet phase during deformation.

with a high exponent (between 4 to 5). The scatter
in the data is largely attributed to the non-uniform-
ity of the fiber diameter. The stress exponent is also
determined by incremental application of the load
during one single experiment. The incremental
load approach gave a similar stress exponent

n=4.1, R?=0.9999. In Fig. 7, the data points
obtained from a single specimen by incremental
loading mode at 1500° C have been included for
comparison (dashed line). The activation energy
obtained by temperature increments at constant
load was 5.1 eV (492 kJ mol ™!, R%=0.9778), Fig. 8.
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Fig. 7.

Plot of the creep rates before failure versus stress (the arrow indicates that a strain rate was not measurable). The data points

marked with a dashed line are obtained from the same experiment giving a stress exponent of 4.1 (R=0.999).
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Fig. 8. Plot of the creep rates versus the reciprocal of the temperature for experiments at constant load with temperature increments.
The activation energy for creep is compatible with the diffusion data available for different species in alumina and gamet [25, 27].

In Fig. 9, the strain rate at 100 MPa is plotted
as a reciprocal of the absolute temperature. The
normalized strain characteristic of Al,0,/Er,Al;O,,
at 100 MPa was calculated using a stress exponent
of 4.5. Data from the literature in other oxide cer-
amics is also included for comparison [6, 8, 17~
20]. The creep resistance of the Al,O,/Er,Al;0,,
system is very high, comparable to c-axis sapphire
up to 1550° C. The extrapolation of the data on
sapphire is indicated with a dashed line. The high
creep resistance of Al,O,/Er;Al;O,, system is even

more striking given that the Al,O; lamella have
some degree of misalignment. The creep resistance
of Al,O; decreases dramatically with small mis-
alignments as indicated by the data included in Fig.
9. It must be noted that the creep resistance of the
AL O5/Er;AlsOy, system is 3 or 4 orders of magni-
tude better than 15° off c-axis sapphire.? From the

2 Data was normalized from 300 MPa to 100 MPa with a
stress exponent of 4, typical on Al,O, single crystals [17].
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Fig. 9. Comparison of the creep rate versus reciprocal of temperature (normalized at 100 MPa) of the system studied in this work
(black triangles) and other structural oxides [6, 17-20]. SAP and UES are commercial alamina-YAG fibers with eutectic composition
[8]. The creep resistance of the Al,O,/Er,AlL;0,, is very high, comparable to c-axis sapphire (the extrapolation of the data on sapphire

is indicated with a dashed line).

practical point of view, the AL Os/Er;Al;O;, sys-
tem is superior to Al,O, as its mechanical proper-
ties are not as sensitive as sapphire to small mis-
alignments. The activation energy calculated from
this plot is 6.5 eV (626 kJ mol ™!, R?=0.9214). The
incremental temperature calculation referred to
previously (492 kJ mol™?, R?=0.9778) is more
reliable because it does not require normalization
with stress.

3.3. Microstructure of deformed specimen

Details of a representative fracture surface is
shown in Fig. 10. The fracture surfaces are rough
indicating that the damage propagation involves
crack branching. At higher stress concentrations
damage accumulation at the lamella interfaces
most likely leads to failure originating at this
boundary.

Extensive TEM observations were made in
samples which were carefully thinned adjacent to
the fractured surface of the specimens that were
subjected to uniaxial deformation at temperatures
from 1400° C to 1650° C. Very limited dislocation

Fig. 10. SEM micrograph of the fracture surface of a fiber
crept at 1400° C. It can be seen how cracks propagate preferen-
tially at the interfaces (arrowed). Damage is also probably
nucleated at the interfaces due to the high shear stress associated
to the different elastic and plastic properties of alumina and
garnet phase.

activity is observed in Al,O; lamella. The garnet
phase was dislocation free, even at very high defor-
mation loads (Fig. 11). Coarsening occurred during
creep tests at temperatures above 1500° C (Fig.
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Fig. 11. TEM micrograph of a region close to the fracture of
a sample crept at 1400° C. A few scattered dislocations were
found in alumina and none in gamet. Exhaustive TEM examin-
ation of crept samples at other temperatures resulted in simi-
lar observations.

12). The aspect ratios of the phases are dramati-
cally reduced and the microstructure was equiaxed
after thermal treatments of 1.5 h at 1650° C.

3.4. Strain recovery

Creep experiments show a very intriguing his-
tory-dependent behavior. After load increment and
subsequent reduction of stress, the strain rates are
lower than initially experienced at the same load
(Fig. 6). If the previous load increment is large
enough, one observes a transient regime that may
last several hours during which contraction of the
sample occurs (see last load decrement in Fig. 6).
Specific experiments to confirm and further exam-
ine the extent of strain recovery were conducted
(recovery creep has been reported in similar sys-
tems [21]). For example in an experiment, the
initial deformation for 8 minutes at 510 MPa pro-
duced a total elongation of approximately 70 pm
(0.1% strain). The load was subsequently
decreased to a very low stress (15 MPa) at the

same temperature. After 16 h a recovery of
approximately 50% of the creep elongation was
observed. The strain recovery is clearly not elastic,
but rather is associated with the release of con-
straints built up during creep. This phenomenon is
under further study.

4. Discussion

4.1. Effect of load transfer on the creep
behavior

The TEM observations indicate that the inter-
faces are well bonded (Fig. 3). This type of inter-
face is typical of directionally solidified ceramic
eutectics [1, 3, 13]. Both components have fine
phase spacing and form a highly interconnected
microstructure. Due to the isostrain condition
imposed by the well-bonded nature of the inter-
faces and the different plastic and elastic properties
of the two materijals involved, load transfer occurs
between the two phases during deformation. The
challenge is then to explain the seemingly complex
material response of directionally solidified eutec-
tics and to highlight insights gained for this class
of materials. To address this, we will first discuss
the mechanical response of the Al,O5/Er;Al;0;,
eutectic within three different behavior regimes as
defined by their observed response to load at elev-
ated temperatures.

The three regions can be described as (Fig. 13):

1. Both components are elastic. Alumina will carry
more load due to its higher elastic modulus. This
region is obtained instantaneously in a constant
load experiment.

II. Alumina reaches its plastic yield point and gar-
net is still deforming elastically. The stress
must increase continuously in the garnet phase
to attain a particular strain rate. There is then
a load transfer from alumina to garnet.

III. Both phases are deforming plastically. The

stress is redistributed to fulfill the isostrain
condition.

The load transfer of region II can be easily mod-
eled. The strains of alumina and gamet in this
region follow the relations,



J. Martinez Fernandez et al. / Acta Materialia 51 (2003) 1705-1720 1713

Fig. 12. SEM micrographs showing the microstructure after annealing. (A) 290 hours at 1400° C, (B) 3 hours at 1550° C , and (C)
1.5 hours at 1650° C. Microstructural coarsening is not detected at 1400° C even for very long annealing times. Over 1550° C
coarsening of the microstructure is clear. All the micrographs are shown at the same scale.

~——— Er,ALO,,

L~ ALO,

I I

€

Fig. 13. Hypothetical stress—strain curve indicating the three
stages of deformation discussed: Stage I, where both compo-
nents are elastic, stage II, with alumina deforming plastically
and garnet phase elastically, and stage III, where both compo-
nents are deforming plastically.

¢, = A0% €, = E;'6, + A0, )

where € is the strain rate, o the stress, E is the
elastic modulus, and A the parameter relating the
creep rate to the stress. The subscripts “a” and “g”
refer to alumina and garnet. A typical power
dependence of the strain rate with stress is
assumed. In addition to the elastic component of
the strain in gamet (¢, = E;'0,), the contribution
of a time dependent plastic strain is also included.

The isostrain condition requires the evolution of

load transfer with time, ’
£, = §=A,0; = E;'6, + A0}, )
6 =0V, + o,V 3)

where 6 is the average stress, V, and V, are the
volume fraction of alumina and garnet, respect-
ively.

The stresses in alumina and garnet then follow
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the time dependence of n=1 based on the assump-
tion that both single crystals deform by dif-
fusional creep:

O, = ¢ ¢ Ggo lEXP

- A A g0

v, + V,,Z% V, + V,A—f
Vg
—E, A“Va + A, ey, )
Y1 I W 07 B
O'a—va 1+Yﬁ V“v+Vg 20 |EXP
VA, & A,

Ve *
—Eg Aava + Ag t,

where the 0, is the stress at the beginning of
region II in garnet.

Garnet is about two orders of magnitude more
creep resistant than alumina at the temperatures of
the tests [17], so it is plausible to neglect the effect
of plastic deformation of garnet while this phase
is still deforming elastically during region II. Equ-
ation (4) can then be written as,

_6_(¢
% Ve \Ve
—AV.E, \==&F
—O'g(,)exp(—%t) =70 o)
a g
—AV,E, \i~=
= o‘aoexp(—‘-/*g——gt) -0,

where the o, is the stress at the beginning of
region II in alumina. There is a stress transfer from
alumina to garnet during region II that will depend
on their relative elastic and plastic properties.

Two situations may arise depending on the mag-
nitude of external stresses and the minimum stress
to produce a measurable strain rate in the garnet
phase (o-min gamet):

(A) If (6/V,) < Opin gamen during the load transfer
there is a decrease of the strain rate until it

goes under measurable values and plastic
deformation will apparently stop.

(B) If (8/V,) > Ouin gamen both phases will deform
plastically after the load transfer. The system
could enter a quasi-steady-state regime if the
microstructure were stable during deformatio-
n.

An estimation of the minimum stress to produce
a measurable strain rate in Er;Al;OQ,, can be
obtained from the YAG single crystal data avail-
able in the literature [17]. The stresses necessary
to achieve a strain rate of 5x107' s~! for YAG
are 240 and 130 MPa for temperatures of 1400° C
and 1550° C, respectively. Based on the volume
fraction of the YAG phase, the corresponding aver-
age stresses are 144 and 78 MPa. These stress lev-
els were obtained by extrapolating the available
creep data for [110] compression [17]. If the
stresses are calculated for an average orientation,
using the creep data for [100], [110], and [111]
loading directions, only a variation of 5%
(depending on temperature) is obtained because
there is little anisotropy of the plastic behavior.

The strain-time behavior of region II can be
expressed by:

Esystem — Eg = E— ' (6)

Figure 14 shows a typical transient regime at
low stresses where the effect of the load transfer
on the creep curve is more evident because the
contribution of plasticity on garnet is negligible:
105 MPa at 1400° C. The best fit using equations
(5) and (6) is also plotted (R*=0.960) using the
elastic modulus of Y;Al;0,, garnet; 300 GPa [17]
with the volume fraction V,=0.6. This is a reason-
able assumption since the elastic moduli of single
crystal oxides does not differ within a family of
crystal structures [22].

The calculated data from Fig. 14 for the initial
stress in garnet phase (0,) is 62 MPa with
A;=6.17x10"7 57! GPa~". The values of E, and G
give compatible strains for regions I and II. The
initial stress in garnet obtained from the fit is close
to the stress redistribution that would be expected
after region I, attributable to the differences in elas-
tic modulus of sapphire and gamet (Eqppni=450
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Fig. 14. Typical transient regime at low stresses where the effects of the load transfer on the creep curve are more evident as the
contribution of plasticity of the garnet phase is negligible (105 MPa, 1400° C). Note that the best fit using equation (5) (R>=0.960)
lies within the scatter of the data for most of the strain. The best fit using equation (7) (assuming n>1, R?=0.804) is also included.
The good fit of equation (5) supports the hypothesis of load transfer and diffusional creep of alumina.

GPa) [13]. This distribution of stresses corresponds
to the beginning of region II. The alumina creep
constant (A,) deduced from the fit gives reasonable
values for the creep rates (6.17 1078 s~! at 100
MPa and 1400° C) compared with the experimental
quasi-steady-state creep rates. Yet, these values are
lower than those obtained for diffusion controlled
creep in polycrystalline alumina [23]. This is not
surprising since the deformation of polycrystalline
alumina includes a contribution from grain bound-
ary sliding that is not viable as a mode of defor-
mation in the directionally solidified eutectic sys-
tem. This is the characteristic of the directionally
solidified eutectic ceramics with unique interphase-
interfaces that is dissimilar from the grain bound-
aries of polycrystalline materials and requires
further discussion (Section 4.2).

If the alumina phase is deforming with a stress
exponent larger than one in region II, the expected

evolution of strain with time would follow an equ-
ation of the form:

€= a—(B + -, Q)

where o, B, and 7 are constants which depend on
Eg, Oy, Ag and V,.

The best fit obtained with equation (7) gave
n=2.19 and R?>=0.804 (Fig. 14). Under the assump-
tion of n>1, the stress exponent obtained is still
fairly low. Hence, a better description of the strain-
time dependence is obtained assuming that alumina
deforms by diffusional creep. The diffusional nat-
ure of the deformation in relation to the lack of
dislocation activity is further discussed.

Further understanding of the proposed model
load transfer model was obtained by stress relax-
ation experiments. The recovery of creep strain -
after unloading is caused by the release of elastic
stresses built up in the garnet phase during defor-
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mation. The elastic stress is expected to cause con-
traction in the alumina and to recover part of the
creep strain after removal of the applied external
stress. The load transfer model can also provide an
equation for strain recovery by changing the inte-
gration limits:

£, = €A, 0, = E;'6,, 0, = O,
€ = g0exp(—A,E,1),

where &, is the strain that is not recovered instantly.
The best fit gives a product of A,E,=107% s~!. The
calculated value of A, is 3.33x1077 GPa s~ !, which
is in good agreement with the value previously cal-
culated for the transients following loading. Due
to the complexity of the microstructure, garnet may
have undergone permanent deformation in some
regions, which could then be responsible for the
creep strain that is not recoverable. «Some
additional recovery may be obtained in longer
experiments.

®

4.2. Comparison with the classical deformation
models

The deformation mechanisms, which could be
operating in the two-phase system under isostrain
deformation conditions, can be classified in two
categories: (a) diffusion controlled mechanisms
and (b) dislocation controlled mechanisms.

4.2.1. (a) Diffusion mechanisms

Nix [24] derived an expression for the case of
creep by bulk diffusion (Nabarro-Herring creep)
including the effect of the aspect ratio of the

grains:

Ediffusion —

Mﬂmwwﬂw}

dgffectivcl 1 + R% + R%
Q -0
kT{Doexp( T )}0‘, )]
7% W,
R, = =% R, = =% dos = (W,W,L)',

L ya
where Q is the activation energy for diffusion, W,,
W,, and L are the dimensions of the grains in the

two directions perpendicular to and in the direction
parallel to the applied stress.

In Fig. 15 the creep rates expected from this
model at 1500° C are plotted together with the
experimental data at the same temperature. Both
alumina and garnet are assumed to creep by lattice
diffusion, W,=0.46 um, W,= 0.31 um, and the
aspect ratio is 10. There is a lack of data on cation
diffusion for garnet (only anion diffusion data is
available [25]). Therefore the cation diffusion coef-
ficient was calculated from creep data on polycrys-
tals [26], where creep has been proven to be con-
trolled by bulk diffusion. The same approach was
adopted for the diffusion coefficient measurements
of alumina [23]. The distribution of stress between
the two phases was calculated at each external
stress to fulfill the isostrain condition.

The strain rate expected from this model is
higher than the experimental ones. This could be
due to several different factors:

1 Overestimation of the diffusion data. The dif-
fusion data calculated from creep experiments in
polycrystals has been reported to give high
values. For example the oxygen diffusion coef-
ficient calculated from creep data in alumina
[23] is over three orders of magnitude higher
than the values obtained from direct measure-
ments [27]. If the same discrepancy were
assumed to exist between the cation diffusion
(the lowest diffusing species) and diffusion data
calculated from creep data in garnet [25], the
simulated and experimental values would be in
much closer agreement (Fig. 15).

2 There is no sliding at the interfaces. Diffusion
creep is strongly coupled with grain boundary
sliding, as diffusion creep creates deformation of
the grains that must be accommodated. Accom-
modation by sliding at interfaces is not occurring
during deformation in the ALOs/Er;Al;0,, sys-
tem. This creates a build up of stresses at the
interfaces, and increasingly longer/less stress
driven diffusion paths are necessary to cause
deformation. The creep data from polycrystals
used to calculate diffusion coefficients includes
a component of the strain due to interfacial slid-
ing that could contribute to the over estimation
of the creep rate.

3 The diffusion paths are longer. The phases are
tri-dimensionally interconnected. This intercon-
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Fig. 15. Plot of the experimental (solid circles) and calculated creep rates at 1500° C considering diffusional creep (using diffusion
coefficients obtained from creep on polycrystals and extrapolating the diffusion data available), and dislocation controlled creep. The
regions where diffusional and dislocation plasticity dominate are indicated. Diffusion Kinetics can explain the experimental creep
rates. Dislocation plasticity dominates only at stresses well over the fracture stresses of this system.

nection leads to longer diffusion paths than the
ones measured from the two “dimensional
cross-sections.

The microstructural evolution observed during
the tests at temperatures over 1500° C is strong
evidence supporting the importance of diffusion at
the testing temperatures. The observed coarsening
and longitudinal decrease of aspect ratio is driven
by the decrease in interfacial energy. However, this
coarsening indicates that the strains of the creep
experiments could be easily caused by diffusion.
Due to this microstructural evolution, detailed
study of the creep curves was restricted to tempera-
tures below 1500° C.

The high stress exponent observed could be
explained by the existence of a threshold stress and
by the non-stationary nature of creep within this
system as will be discussed in Section 4.3. The
activation energy for creep is compatible with the
activation energies of diffusion available for the
different species in alumina and garnet that range
from 300 to 700 kJ mol~'[25, 27].

Based on these observations, diffusion is a
plausible explanation for the quasi-steady-state
creep rates observed. It is consistent with the mag-
nitude of creep, the calculated creep parameters,
the microstructural observations, and the loading
and unloading transients.

4.2.2. (b) Dislocation mechanisms

The stress necessary to drive a dislocation across
the interfaces is at least two orders of magnitude
higher than the resolved stresses applied in the tests
[14]. The dislocations must then move within one
of the two components, thus they must bow within
the phase spacing (). The stress necessary for this
process is [28]:

.G
-

where G is the shear modulus, and b the Burger’s
vector. We will consider that Er;Al;O,, has similar
properties to Y3Al;0,, (elastic shear modulus at
1500° C of 110 GPa, and Burgers vector
(111)=1.04 nm) [17]. For Al,O;, a Burger’s vector

(10)
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of 0.512 nm and an elastic shear modulus at 1500°
C of 133 GPa were used [17]. The nominal phase
spacing ranges from 0.1 to 1 um. The stresses
necessary to bow the dislocations through the
smallest spacing are then 1 GPa for Er;Al;O,, and
0.7 GPa for Al,O;. This calculation suggests that
dislocation glide in Er;AlsO,, is seriously limited
as the stress necessary for dislocation bowing
within the phase spacing s is of the same order of
magnitude as the applied stress. The stress calcu-
lated from equation (10) would be the threshold
stress for dislocation-controlled plasticity.

The behavior expected under the assumption
that dislocation mechanisms are active can be cal-
culated using literature data on sapphire and YAG
[17] single crystals. Sapphire creep data is avail-
able for c-axis and 42° off axis orientations [6].
The TEM observations showed that the c-axis of
alumina is not perfectly parallel to the specimen
axis; a linear interpolation was taken between these
two sets of data assuming a misalignment of 10°.
In the case of garnet, creep data for [110] com-
pression [17] was used. The isostrain condition was
imposed and threshold stresses were calculated
from equation (10). The phase spacing of alumina
and garnet was taken as 0.31 and 0.46 pm, respect-
ively.

The calculated strain rates for dislocation plas-
ticity are lower than the experimental ones. Figure
15 shows that dislocation plasticity would domi-
nate only at stresses well over the fracture stresses
for this system. The extensive TEM studies did not
find significant dislocation densities. The isolated
dislocations found (Fig. 11), are very different
from the typical dislocation networks of crept sin-
gle crystals. This experimental evidence supports
the conclusion that dislocations do not play a sig-
nificant role in deformation. The low density of
dislocations also has been acknowledged in other
works in similar systems [8, 29]. Even in systems
with a larger phase spacing (approximately
between 5 to 20 um) very little dislocation activity
is reported in constant strain rate tensile experi-
ments [30]. The increase in phase spacing will
increase the diffusion paths and decrease the stress
necessary to bow dislocations.

4.3. Steady state creep or primary creep?

From the arguments put forth in the discussion
above, un-accommodated diffusion appears to be
the mechanism responsible for creep deformation
under the experimental conditions. This mech-
anism will not yield a true steady state creep
behavior because the strain caused by diffusion is
not accommodated. Due to the strong bonding of
these interfaces, boundary sliding does not occur.
The AlL,O4/Er;AlsO,, system is deforming in a pri-
mary regime until damage at the interphase inter-
faces is created. Steady state creep terminology
should only be used then as a phenomenological
approach to describe the best creep resistance
under certain conditions and to compare with the
creep resistance of other materials.

The time dependence of strain in primary creep
is usually described by [16],

€ = Ar'm, (1D

Figures 4 and 5 show creep curves for two exter-
nal stresses together with their best fits using equ-
ation (11). The curves fit well with the time depen-
dence of equation (11). The exponent m obtained
ranges between 3 to 8. However, if we consider
only the final part of the creep curve in Fig. 4 (low
strain rates, small stress), a straight line can also
give a reasonably good fit. It is then difficult to
determine from the final portion of the curve,
which fit is better as the strain to failure is small.
For example, if the Al,O./Er;AlsO, system is
deforming at 1.1x1078 s~ ! after 50 h and fails after
60 h, in these last 10 h, assuming a primary creep
behavior with m=5, the strain rate would decrease
to 1.06x1078 s !, This decrease in strain rate
would be difficult to measure. The continuous
decrease in strain rate is better observed in high
strain rate experiments (Fig. 5), supporting the idea
that the system remains in the primary creep
region. Previous work on alumina-YAG also
acknowledges this lack of steady-state creep [8].
These authors report a continuous decrease of
strain rate down to a minimum, and then an
increase of strain rate to failure. The minimum
creep rate during the tests is taken as the steady
state creep [8].

The determination of the stress dependence of
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the quasi-steady state creep rate must be carefully
considered. The strain to initiate damage at the
interfaces that will lead to failure depends more
strongly on the degree of interlocking of the micro-
structure than on the applied load. A more inter-
penetrating microstructure requires greater sliding
at the interfaces to accommodate diffusion. The
applied load controls how fast the system reaches
this critical strain for damage, so the time to failure
will be shorter as we increase the load. If we fit
the final portion of the curve with a straight line
for two stresses, we will get an apparent stress
exponent higher than the real stress dependence of
the transient regime. The relation between these
exponents can be calculated. The strain rate fol-
lows the equation:

4 ,
£ = o, (12)

The strain to failure gives a relation between the
times to failure at the two loads

O-l n tz I/m
Sdumugc = 81 = 82: — =1\ . (13)

O, I

The stress exponent from the linear fits prior to
failure is:

Rapparent = '—(‘;‘j (14)
1

Using equation (13):
nuppuren( = mn. (15)

A value of m=5 will give a stress exponent 5
times the real stress dependence of the microscopic
deformation mechanism. The measured stress
exponent from the strain rate prior to failure could
only be equal to the real stress dependence if the
times to failure are the same. This is not the case as
the time to failure is much shorter for higher loads.

The experimental situation (Fig. 4) is far from
ideal. The time exponent and pre-power constant
of strain show considerable scatter. This is not sur-
prising given the complexity of the microstructure.
However, the main issues are clear: the evolution
of strain with time follows a power law typical of
transient creep, and the stress exponent determined
from the strain rate prior to failure leads to an
overestimation of strain values. In Figs 4 and 5 the
values of the stress exponent comparing strain rates
prior to failure (n=7.3) and comparing strain rates
at the same time (n=2.6) are calculated.

The transient nature of creep in this system
together with the existence of a threshold stress
accounts for the high stress exponent measured
(reported as high as 18 in the literature [8, 29]).
These experimental values are so far from the
values expected from the diffusion or dislocation
models that they do not by themselves provide suf-
ficient support for either. Additional evidence is
needed.

5. Conclusions

The Al;05/Er;AlsO;, (19.5 mol% Er,0;) system
grown by directional solidification produces a fine
microstructure with a high density of well-bonded
interfaces. This microstructure imposes an isostrain
condition during elastic and plastic deformation.
The different elastic and plastic properties of the
two phases leads to a unique load transfer situation.

There is load transfer to the garnet phase while
this phase is deforming elastically that causes a
continuous decrease of creep rate. During this tran-
sient regime the garnet phase deforms elastically
and alumina deforms plastically. Following the
initial region, both phases will be deforming at the
same rate which is the global deformation rate of
the AlLO4/Er;AlO,, eutectic. The lack of dislo-
cations within the deformed specimens, the coars-
ening of the microstructure, the activation energies
for creep, and the detailed study of the transient
creep during loading and unloading conditions,
leads to the conclusion that creep deformation of
Al,O4/Er;AlsO,, eutectic is diffusion controlled.
Sliding at the interfaces does not accommodate dif-
fusion and the system deforms in a non-steady-
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state regime. Non-steady-state deformation leads to
over-estimation of the stress exponents. Damage
induced by the stress built up at the interfaces
initiates final failure.

The unloading of the ALO,/Er;Al;O;, system
following a moderate amount of creep defor-
mation, produces a unique strain recovery. The
driving force for the stress recovery is the stress
that builds up due to the elastic deformation of gar-
net phase while alumina phase is deforming plas-
tically.
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Abstract

The creep resistance of the directionally solidified céramic eutectic of Al,O3/c-
ZrO3(Y203) was studied in the temperature range of 1200-1520°C both exprimen-
tally and by mechanistic dislocation models. The topologically continuous majority
component, Al;O3, has a nearly perfect growth texture in the [0001] direction and
encapsulates the minority ¢-ZrO2(Y203) component in a variety of morphologies.
This encapsulated minority component too has a close to < 112 > growth texture,
regardless of morphology. The two components are separated by close to coherent

and well structured interfaces.

The creep of the eutectic in its growth direction exhibits an initial transient that
is attributed to stress relaxation in the c-ZrO2 component, but otherwise in steady
state shows many of the same characteristics of creep in sapphire single crystals
with c-axis orientation. The creep strain rate of the eutectic has stress exponents

in the range of 4.5-5.0 and a temperature dependence suggesting a rate mechanism
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governed by oxygen ion diffusion in the Al;03. While required TEM evidence is still
incomplete, finite element analysis of stress distribution in the two components and
a detailed dislocation model of the creep rate indicate that much of the nano-scale
encapsulated ¢-ZrO is too small to deform by creep so that the major contribution
to the recorded creep strain is derived from the diffusion-controlled climb of pyra-
midal edge dislocations in the Al;03 component. The evidence suggests that the
climbing dislocations in AlO3 must repeatly circumvent the ¢-ZrO, domains acting
as dispersoids resulting in the stress exponents larger than 3. The creep model is in

very good agreement with the experiments.

Key words: directionally solidified ceramic eutectic; creep resistance;

Al203/c-ZrO; eutectics.

1 Introduction

As Fleischer [1] noted, to reach beyond the capabilities of the present set of
high temperature superalloys and some intermetallic compounds that have
service limitations at around 1000°C, it is necessary to consider other com-
pounds such as oxides, carbides, borides, etc. to reach service temperatures
in the 1400-1600°C range. While these are all intrinsically brittle materials,
having low temperature brittleness problems, their high temperature perfor-
mance is largely governed by their creep resistance and fracture resistance. It

is creep resistance that is of principal concern here to us.

For some time single crystal sapphire fiber with [0001] axis orientation has

been considered as an ideal material for high temperature application [2]. In
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that orientation with its principal basal and prismatic systems unstressed,
sapphire single crystal fibers have remarkable creep resistance in the 1400-
1600 °C temperature range where only the pyramidal slip system is stressed.
Early experiments of Firestone and Heuer [3] on [0001] axis-oriented-sapphire
in the 1600-1800°C range produced evidence that such sapphire crystals creep
entirely by the climb of the 1/3< 1101 > pyramidal edge dislocations, with
no slip line or stereo-TEM evidence of glide of such dislocations on any of
the possible pyramidal blanes‘available. That such dislocations are entirely
sessile has now been established in very recent MD simulations of the core
structures of these dislocations [4,5]. The stress dependence of the creep rates
of [0001] oriented sapphire crystals and their governing activation energy of
oxygen ion diffusion in Al,O3 have all been consistent with a pure climb mode
of creep [3]. This is extremely rare in the creep of metals, with the only similar
occurence having been reported by Edelin and Pourier [6] in similarly oriented

Mg crystals.

While oriented sapphire single crystal fibers have advantageous characteristies
and have been considered with diffusion barrier coatings as reinforcing ele-
ments in polycrystalline Al,O3 matrixes for composite applications [7,8], the
practice has been costly and lacked flexibility. As an alternative to sapphire-
fiber-reinforced ceramic composites, a series of directionally solidified ceramic
eutectics, consisting largely of an Al,O3 component together with compatible
stable oxides of ZrO; or YAG combine many of the advantages of sapphire
fiber with morphological stability at elevated temperatures and relative ease
of production. Of these the Al,O3, ZrO, system eutectic, with additional 4.2
mol% Y,03; modification to create cubic ZrO,, has received considerable at-

tention [9]. This eutectic has demonstrated some attractive characteristics.




In the Laser Heated Float Zone (LHFZ)-produced eutectic in the form of
fibers or slender rods the Al,O3/c-ZrO, eutectics possess a sub-micron scale
morphology in which the majority Al;O3 component maintains a topologi-
cally continuous form with a remarkably tight [0001] growth texture [10,11].
The c-ZrO, component, in turn, in various morphological shapes ranging from
aligned fibers or platelets in either well organized colonies or in less well or-
dered forms, usually has one narrow dimension in the 0.2um range, and is
always fully encapsulated in the Al;O; component. This eutectic has fairly
reproducible and reasonably attractive levels of fracture toughness [12] and

possesses high quality nearly coherent interfaces [13].

The eutectics contain significant levels of residual stress at room temperature,
resulting from thermal misfit between the components. The Al,O3; was found
to be in a state uniaxial tension parallel to the axis, at a level of 1.0 GPa while
the ¢-ZrO, was in some form of multiaxial compression, roughly at the same
level [10]. Such residual stresses that decrease in level at elevated temperatures
could still be of importance in initial creep respoﬁse [14] where they, however,

should be rapidly relaxed on the onset of steady creep flow.

Here we will be primarily interested in the creep resistance of these Al,O3/c-

ZrO, eutectics in the 1200-1520°C range.




2 Experimental Details

2.1 Material and characterization

The eutectics of Aly03/c-ZrO,(Y203) have all been produced by the Laser
Heated Float Zone (LHFZ) method at the NASA Glenn Research Center in
the laboratory of Sayir. They had cross-sectional dimensions roughly in the
range of 1-1.5 mm diameter but showed thickness variations along their 20-22
cm length. They were composed of 67% Al;O3 and 33% c-ZrO; by volume.
Random sectioning of the rods always showed a certain residual component of
Y,0;3 and some YAG at levels that were considered to be insignificant. More
significant however was an unavoidable level of porosity along the center line
of many samples, often with substantial pore dimensions to constitute super-
critical flaws for fracture. These pores always had smooth surfaces indicating
they resulted from inadequate wetting during melting and solidification of
the initial charge. In a few instances they resulted in fracture during loading
of the creep experiments where they were given no further attention other
than characterization of the pore sizes and shapes as a feed-back to improve
the production process. TEM specimens made from randomly spaced axial
and transverse sections were used for electron diffraction to check orienta-
tion of components. These, as well as a limited number of X-ray pole figure
determinations obtained from surfaces of axial and transverse section of the
bars demonstrated that the Al,O3 component had a growth texture of [0001]
within 2-3° parallel to the bar axis. Wherever prominent three-fold symmet-
rical colony structures.of c-ZrO; were observable on transverse sections, there

were notable angular differences between the symmetry axes of these colonies




indicating the presence of small angle tilt boundaries in the Al,Os, (often in
the range of 10°) with tilt axes parallel to the growth axis. Since such tilt
boundaries would not be stressed in samples under tension parallel to the bar

axis, they were not considered to be of any importance in the creep behavior.

A few direct lattice imaging observations were also made of the structure of
interfaces. Figure 1 shows one such DL image of a typical interface that is

incoherent but atomically narrow.

Corresponding determination of the texture of the ¢-ZrO, component, largely
based on electron diffraction information, indicated that this component had
primarily a < 112 > growth texture with fiber symmetry, incorporating ran-
dom rotations about this axis*. The sketch of Fig. 2 shows pictorially the

mutual orientational association of the two components.

2.2 Creep equipment and creep strain measurement

The creep experiments were carried out in tension inside a Centorr vacuum
chamber containing a specially designed hot zone of 5cm diameter and 5cm
length made up of a split cylindrical configuration of a Imm think 7a sheet
with alternating up-and-down slits to increase the path length of the heating
element. The hot zone was surrounded by a series of Mo radiation shields. The
long specimens threaded through the hot zone and were gripped at their ends
by specially produced metallic friction grips, clamping down on the ends of
the specimens through annealed soft nickel sheets to avoid local high pinching

forces on the rods that could have resulted in fracture. Two relatively massive

* Textures such as < 111 > have also been reported by other investigators.




water cooled OFHC Cu plates were placed between the two exits of the hot
zone and the specimen grips to assure that the gripping conditions were, as

much as possible, at low temperature not to exceed about 200°C to avoid

slippage in the grips.

An optical grade sapphire window permitted viewing the hot specimen through
a narrow axial slit in the heating elements to permit direct measurements of the
specimen temperature by means of a two-wave-length pyrometer (from Omega
Vanzetti, Sharon, MA.), providing emissivity-independent measurements. In
addition to a control thermocouple inside the hot zone, another thermocouple
placed close to the specimen without touching it, was used to actually record
the steady temperature in the thermal cavity. The temperature measured by
this second thermocouple and that measured by the pyrometer on the speci-
men usually agreed quite well. The hot zone temperature was automatically

controlled by the PID control system of the Centorr equipment.

-Since the steady state creep extensions of the specimens under stress were gen-
erally quite small, to eliminate random flexures and motions of the massive
creep frame from influencing the measurements, the displacements of the two
ends of the load train immediately outside the vacaum chamber were simulta-
neously measured by sets of four LVDTs at both the top and bottom ends of
the Centorr chamber. The differences between these two measurements then
corresponded to the extension of the specimen. Since the temperature of the
specimen inside the hot zone was higher by 1200-1300°C above the portions
of the sample outside the hot zone, the gauge length was taken as the axial
extent of the hot zone. Even under ideal conditions the total creep strain was
never too uniquely determinable. To overcome this difficulty all creep strains

at steady state were always measured incrementally at a given temperature




under two different applied stresses and often as loading and unloading cycles.
This practice of relative measurements of creep strain did not only give more
reliable determinations of the strain rates at the two different levels of stress
but also demonstrated the nearly complete absence of transients in such incre-
mental changes in steady state creep. A typical response of this type is shown
in Fig. 3 for creep at 1520°C at stress levels of 150MPa and 200MPa. The
random-appearing irregularities on the creep curves in Fig. 3 were attributed
to be of instrumental origin. When determining actual increments of creep
strain in any interval of time these variations were operationally smoothed

out. The accuracy of strain measurement was around 1.4 X 1075,

3 Experimental Results

3.1 Transient effects

Upon initial application of stress to a virgin specimen a strain transient was
always observed. One such transient recorded for an experiment at 1200°C
under a stress of 300 MPa is shown in Fig. 4. The characteristic time con-
stant of the transient decreased with increasing temperature, e.g. from c.a.
3.4 x 103sec at 1200°C to 200 sec at 1400°C. The usual explanation of the
transient to be due to initial work hardening in the creeping components prior
to establishment of a steady state by recovery processes, familiar in creep of
homogeneous metals, was discounted here since no prominent transients were
found following stress increases at steady state creep. The most likely cause of
the transient was the rapid stress relaxation in the coarse c¢-ZrO; component

by creep since for the measured texture of that component there is an abun-




dance of the < 110 > {100} principal slip systems that are well oriented for
slip, and the creep resistance of ¢-ZrO, in this temperature range is known to
be poor [15]. An upper bound estimate of this effect could be assessed from a
FEM study that will be presented in Section 4.3 where it was found that for
the complete relaxation of the deviatoric stresses in the entire c-ZrO, compo-
nent the volume average deviatoric stresses as well as mean normal stresses in
the Al,03 component, increase roughly by 25-30% which would result 'in an
increment of additional elastic strain in the sample of about 6 x 10~4. This
level is illustrated in Fig. 4 by the horizontal line. The actual amount of stress
relaxation in the c-ZrO,, however, is difficult to determine since a substantial
fraction of this component has phase dimensions in the range of 0.2-0.4um
and is likely to be dislocation-free and incapable of plastically deforming as
we>discuss in Section 4.0. These, and the difficulties in determining the ab-
solute measures of strain derived from the hot zone portions of the samples

requires us to de-emphasize this portion of the creep response.

3.2 Steady state creep

As already mentioned in Section 2.2 the main information on steady state
creep was obtained from incremental experiménts of sudden stress increases
and decreases at constant temperature as shown in the typical case of Fig.
3 of creep response. A simple check of the magnitude of the instantaneous
stretches or contractions for stress increases or decreases, utilizing the appro-
priate information on the temperature dependent Young’s modulus of Al,Oj3
[16] gave in all cases that the recorded jumps were all about a factor of 2

larger than what could be expected from the sample in the hot zone. Since




this was well within the additional flexures and relaxations in the load train

the recorded strain rates were considered to be reliable.

After the final configuration of the hot zone discussed in Section 2.2 was com-
pleted, 11 determinations of steady state creep rate were made, all together
at 3 temperatures of 1200, 1400, 1520°C at stress levels ranging from 150MPa
to 275MPa, derived from incremental experiments similar to those in Fig. 3.
These measurements are listed in Table 1 and are plotted in Fig. 5 together
with the creep rates at 1400°C due to Sayir, quoted in [17]. The stress ex-
ponents of the creep rates at 1400°C and 1520°C, shown in Fig. 5, are 4.16
and 5.38 and are lower than that of Sayir at 6.00. As we will discuss in the
creep model in Section 4.3, these exponents are relatively high and need to be

explained, as will be done later in Section 4.4.

Table 1 contains also sufficient information for the determination of the acti-
vation energy of the governing creep process. The plot of the creep rates at a
stress of 200MPa for three temperatures of 1200°C, 1400°C and 1520°C in Fig.
6 gives an activation energy of Q = 71.1 kcal/mol for the rate controlling pro-
cess in steady state creep which we consider to be due to oxygen ion diffﬁsion
in Al,O3. This value is to be compared with 105 kcal/mol for temperatures
above 1400°C and 26 kcal/mol for temperatures below 1400°C for the same

process measured by Oishi and Kingery [25] in pure polycrystalline Al;O3.
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4 The Creep Model
4.1 Basic assumptions

The fact that the c-ZrO, component of considerably lower creep resistance
is encapsulated everywhere by the topologically continuous Al;O3 component
with a very tight growth texture of [0001] along the axes of the DS eutectic rods
“indicates that steady state creep must be controlled by the Al;O3 component,
once any limited compliance increment due to the stress relaxation in ¢-ZrO;
is complete. This suggests that the overall creep response must have the same
characteristics of steady state creep in sapphire single crystals reported by
Firestone and Heuer [3], albeit with certain added complexities derived from
the presence of the ¢-ZrO, component. Figure 7 shows the well known phase
morphology of a typical Al,O3/c-ZrO, eutectic where the white component is
the ¢-ZrO,. Very much like the v’ component in superalloy single crystals of
CMSX-3 [18], a large fraction of the c-ZrO, component has dimensions in the
range of 0;2—0.4 pm and would be too small to have the capability of undergo-
ing plastic flow by independent internal processes of dislocation multiplication
by glide or climb, as already remarked above. The c-ZrO; components of larger
dimensions, as the irregular shaped ones in Fig. 7 should undergo rapid stress
relaxation in the 1200-1520°C temperature range of interest, as the transient
creep curve of Fig. 4 suggests. Even so, as we present in Section 4.3, FEM
analysis shows that complete shear stress relaxation in the c-ZrO; component
still leaves the mean normal stress intact which prevents large average stress

enhancement in the Al,O3 component.
Since the best slip systems of the basal and prismatic type are largély un-
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stressed for glide due to the tight texture of the Al;O3 component, and since
the pyramidal dislocations of 1/3 < 1101 > type are sessile, due to a unique
core restructuring process as has been recently demonstrated [4,5], we expect
that creep in this component for eutectic fibers in tension, can ohly be a con-
sequence of climb of the (1/3) < 1101 > dislocations, whether they exist on
the prism planes or the pyramidal planes. This has already been recognized by
Firestone and Heuer [3]. Creep derived entirely from climbing of edge disloca-
tions is quite rare in structural metals. The only previously reported similar
case is in Mg single crystals stressed in the [0001] direction [6]. Nabarro [19]
has presented an idealized model of creep derived from climb of dislocation of
a Frank type network where material fluxes are between the actual climbing
dislocations with Burgers vectors parallel to the stress axis and those of other
types experiencing no climb forces. Firestone and Heuer [3] found reasonable
agreement of their results where the stress exponents were in the range of 3 as
the Nabarro model predicts. In our case where the stress exponents are in the
range of 4.5-6.0 we expect different conditions to hold, requiring considerable

modification of the Nabarro framework.

Since basic TEM information is still largely absent to furnish better guidance,
in our model we make a number of essential assumptions. We assume that the
(1/3) < 1101 > dislocations pre-exist in the Al,O3 component, having been
generated during the directional solidification process while the morphology is
established, and will multiply by topological convolution processes during this
phase in well known ways from sources, and will be available for climb under
stress during creep. We expect that the mean free path lengths of climbing dis-
locations in Al,O3 will involve several multiples of the interphase dimensions,

i.e. be of the order of microns, requiring the climbing dislocations to repeat-
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edly bow and straighten-out as they thread through the small c-ZrO, domains
that will remain impenetrable to them. Such repetition of transient line shapes
will be viewed as the primary source of the creep stress exponents to be larger
than 3 [20]. We assume that the climbing pyramidal dislocations can multiply
by topological process a’la Bardeen and Herring [21]. As for the climb of these
dislocations, we assume that this will be diffusion controlled with adequate
jog concentrations present along the dislocations, these we expect to be pro-
duced by nodal emission processes from network junctions rather than being
of a thermal equilibrium nature which preliminary analyses show to be far too
difficult. We assume that the diffusional transport will be between dislocation
cores and the large concentrations of incoherent or semi-coherent interfaces.
We assume also that the interfaces will be completely opaque to the transmis-
sion of dislocations from ¢-ZrO, to Al,O3 or vice versa. Analysis indicates that
* such transition would be subject to extremely large energy barriers, that can
not be overcome. We expect that the residual stresses due to initial thermal
misfit between the components will be relieved during the transient phases of
the creep and provide another contribution to the recorded amounts shown
in Fig. 4, but that steady state creep will be governed by the climb forces

resulting entirely from the applied stress.

Finally, we expect that as the topologically continudus framework of the Al,O3
component creeps and extends while the ¢-ZrO, component largely remains
either dormant or is merely stress-relaxed, global back stresses will develop
in the Al,Os, gradually slowing down the creep rate [22]. Since the creep
ductilities of the eutectics are quite modest, we do not expect this back stress

to develop fast enough to be of consequence, and ignore it.
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4.2 The creep rate

Consider a round tensile creep bar of an Al,03/c-ZrO, eutectic as sketched in
Fig. 8 where local axes 1,2,3, are chosen in a pyramidal glide system with axis
1 chosen parallel to the 1/3 < 1101 > Burgers vector, axis 2 normal to the
pyramidal plane making an angle @ with the bar axis, and axis 3 parallel to the
line vector of a positive edge dislocation. Under a uniform stress o; a positive
edge dislocation will climb in the negative 2 direction with a velocity v. to
contribute to a uniaxial tensile creep strain rate parallel to the 1 direction.
This velocity, if it were governed by diffusion controlled climb would be given
by [23]:

_ 2nD(0y — op)b?
%= ) @

where D = Dyexp(—Q/RT) is the inter-diffusion constant of O ions in Al,O3
which is recognized to be the slow diffusing species, o7 is the triaxial compo-
nent of the applied stress (= 0,/3) that does not promote equilibrium climb,
r, is the distance from the dislocation core to vacancy sinks along the inter-
faces, 7. the core radius from which point defect emission is considered, b the
magnitude of the Burgers vector, Dy the pre-exponential factor of the diffusion
constant, @ the activation energy of O ion diffusion in Al;O3 and R and T
have their usual meaning. The kinematics of shape change due to climb alone
of dislocations has been considered more broadly by Groves and Kelly {24]. In
our case a more specialized consideration will be adequate. Thus, considering
that there will be three equivalent pyramidal systems that can contribute to
the axial strain rate equally, as is explained in the Appendix, the axial creep
strain rate é, along the bar and the accompanying radial contractile strain

rates €, are given respectively as:
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= (2 — 3cos*$)éo (2a)
and
. 3 o
€& =—(1- 5608 P)éo (2b)
where
éo = bpmv. 3

is the main creep rate in the pyramidal system coordinates without regard
to overall volume preservation , which is considered to result in eqns(2a) and
(2b) (see Appendix I). Relating the actual climb-producing tensile stress o3
to the axial stress o, and considering the volume-average effect of the local
variation of stress due to the presence of the ¢-ZrO, components by a factor
q we have

01— o7 = 2q0.(1 - cos*9) )
If the mobile dislocation density, p,», of climbing dislocations at steady state

is governed by mutual interactions in a self adjusting basis [19]; i.e.
~ 27“72 2 2 V2
2 (2" (1 — cos’$) (5)

we have, by finally combining eqns (2a),(3),(4) and (5) the axial steady state

creep rate:
3,482, (1 = cos?$)3(2 — 3cos?¢)
B (6)
where
A= -2-(2#)3,%3- (7a)
and
B =Q/b* =0.079 (7b)
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where § is the ionic volume of O in the Al,O3 lattice and ¢ is a factor which
relates the local volume average climb stress to the axial stress o, as is deter-
mined from a FEM analysis of the stress distribution in the Al,O3 component

under an applied tensile stress as discussed in Section 4.3 below.

Eqn. (6) gives the creep rate due to the climb of quasi-straight dislocations
in a homogeneous stress field. As we discuss in Section 4.4 this is not the
case in the Al;O3/c-ZrO; eutectics where the climbing dislocations need to
thread through the non-deforming c-ZrO, components acting as dispersoids
and are required to alternately bow around these components and be released
to straighten out, acting effectively as if straight dislocations were moving
through a strongly internal varying stress field which will increase the stress

exponent in predictable ways and decrease the actual creep rate [20].

In Section 4.5 we will evaluate the creep model and compare it with the

experimental results.

4.8 Distribution of stresses in the AL Os/c-ZrO, eutectics

A very important way in which creep in the eutectics differs from creep in
single crystal sapphire is that in the former the stresses are distributed in
a complex manner. In addition to residual stresses arising from the different
thermal expansions of the two components, the applied stresses result in com-
plex internal local stress distributions due to different elastic properties of the
Al,O; and the c-ZrO, components. Thus, to develop some necessary under-
standing of this phenomenon on a broad basis, a linear-elastic FEM analysis

was carried out in a 2-D plane strain setting of the eutectic in the ordered re-
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gions of Fig. 7. Here the c-ZrO; domains in 2-D are taken as elliptical cylinders
occupying a volume fraction of 0.33. The chosen representative computational
volume is indicated in this figure. We have considered the c-ZrO, component
to be always fully relaxed of all shear stresses which is accomplished opera-
tionally by choosing the Poisson’s ratio as 0.4999999. All other chosen material
constants are listed in Table 2. In the broader analysis we considered the as-
pect ratios of ellipsoidal rods, a/b of c-ZrO; as 1,3,4 and 5. Of these results
we present here only the distributions for a/b = 3.0 as most representative.
All analyses were limited to the elastic range. In this FEM framework we
considered several process simulations: a) an applied tensile stress o, alone;
b) cooling the morphology from a stress-free condition at 1875°C down to
1400°C to determine residual stresses and; c) cooling as in (b) plus an applied
tensile stress of o, = 300MPa. Of these we discuss here only the case of the
internal stress distribution under an applied stress o, = 300MPa (Since be-
havior is linear-elastic, results for all other stress levels can be determined by

re-scaling)

In Fig. 10a we show the distribution of the Mises deviatoric stresses for the case
of o, = 300MPa and T=1400°C, in the Al,O3 region. As expected, the states of
stress inside the ellipsoidal regions of the c-ZrO, are close to constant. Figure
_ 10b gives the more important distribution of the climb stress oy, parallel to
the pyramidal dislocation Burgers vector at an angle of ¢ = 57.7° as shown in
Fig. 8. The volume area-average level of this important climb producing stress
was found to be 0, = 216.3MPa which gives the factor g to be 0.721. This
value appears surprisingly low in view of the assumed complete relaxation of
the deviatoric stresses in the c-ZrO,, until it is recognized that the c-ZrO; still

supports fully a mean normal stress which limits the stress enhancement in
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the Al,O3 component.
4.4 Effect of internal resistance variations

As stated in Section 4.2 the creep response of the Al;03/c-ZrO, eutectics
differ significantly from the creep behavior in homogeneous sapphire single
crystals studied by Firestone and Heuer [3]. First because of the non-uniform
stress distribution in fhe morphology of Al,O3 and ¢-ZrO; discussed in Sec-
tion 4.3 above but even more importantly by the large perturbations that the
climbing dislocations encounter threading tﬂrough the isolated and largely
non-deforming c-ZrO, domains. Thus, consider the convolutions that a climb-
ing dislocation has to go through as it threads through the gaps of the c-ZrO,
domains as depicted in Fig. 11. First, the climbing dislocation must squeeze
into the gaps between the domains as depicted in Fig. 11a to a critical config-
uration much like the Orowan bowing process for non-shearable dispersoids.

The peak stress that is required for this configuration to be achieved is

b
0'=0'1=-‘2£=“

A A ®
where € is the dislocation line tension (= ub?/2) and A is the inter-domain
gap. Clearly, here the process is not one of glide but climb where o is the climb
stress. Once the critical configuration is reached and the climbing dislocation
surrounds the impenetrable domain and pinches off as shown in Fig. 11b,
the separated dislocation has acquired a definite cusp where this shape of
the dislocation will undergo accelerated climb due to the advantageous line
tension effects. We view these required contortions of the dislocations as if

they were the same as positive and negative internal stresses o;, retarding and

then accelerating climb, very much like the corresponding cases of favorable
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and unfavorable internal stresses that a glide dislocation needs to go through
between dispwesoids. Such problems were treated in great detail by many
investigators, but particularly thoroughly by Li [20], which illustrated that
a gliding dislocation (in our case a climbing dislocation) loses more time in
the region of adverse internal stress fhan the time it gains in moving through
regions of favorable internal stress. The effect is illustrated in Fig. 12 where 12a
shows the sinusoidally varying internal stress o; and the prevailing climb stress
. The most important consequence of such deceleration and acceleration of
motion is an increase in the effective stress exponent m of the dislocation
velocity, scaled by the ratio of ¢;/o is shown in Fig. 12b. A secondary effect
is a factor C = @ /v that gives the decrease in the average dislocation velocity
relative to the velocity in unhindered climb shown in Fig. 12c, also scaled with
the ratio of 0;/c. To assess a measure of the effect we note from Fig. 7 that
in much of the morphology the inter-domain distance A would appear to be
between 0.3-1.0um. Taking the small dimension to determine the maximum
level of this effect, together with b = 5.12 x 107%m and p = E/2(1 +v) =
73GPa [16] at 1400°C we determine o; = 125MPa. This, for an applied stress
o, = 300MPa, in the range of interest, that would give a volume average
climb stress o = ¢o,(1 — cos?’¢) of 153MPa, and a ratio o;/0 ~ 0.815, Fig
12b indicates that the effective stress exponent of the stress in the velocity
expression should increase to nearly m = 3 from unity as the maximum effect.
Moreover, Fig. 12¢ gives C' = 7/v = 0.6. Clearly, larger distances A should
result in smaller effective internal stresses while smaller applied stresses should
give increased ratios o;/a. The overall net effect will be rather complex to
assess. Here, we consider that under the conditions described the net effect on
the overall stress exponent of the creep rate will be to elevate it from n =3

for the model presented above to n = (25+2) =45ton = (3+2) = 5.
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This consideration and the factor C, when incorporated into the creep model

of smooth climb given by Eqn (6) will change it finally to

B, (1 - cos*$)3(2 — 3cos) ( 9)
kT In(rs/re)

= AT

It is this expression that we will compare with the experimental results in

Section 4.5 below.

4.5 Evaluation of the creep model

We now proceed to evaluate our final creep model of Eqn(9) and compare it
with experimental results. In the comparison we will evaluate the expression
for both 1400°C and 1520°C. We use the following mode! parameters and

material properties.

p = 5ty = 73GPa at 1400°C and 63.4GPa at 1520°C [16]

b=5.12 x 107°m
Q= 1.06 x 1072°m3 g = 0.721 as determined in Section 4.3

B8 =Q/F = 0.079
A= 2(2m)3(¢*/B) = 7.85 x 107
é = 57.35°

s = 0.5 — 2.0pm, as estimated from micrographs (Fig. 7)

re=b

D = 10~cm?/sec at 1400°C and 9x 10~ 4cm?/sec at 1520°C determined from
Oishi and Kingery directly for their polycrystalline material [25] for which,
parenthetically the activation energy was Q=110kcal/mol, considerably larger

than our value.

finally we take n=4.5 as suggested from our analysis in Section 4.4 above, and
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C=06

The calculated steady state creep relations for 1400°C and 1520°C are pre-

sented in Fig. 5 as the broken lines in comparison with the experimental data.

Considering the several uncertainties in the model and material parameters

the agreement between model and experimental results is pleasing.

5 Discussion

The experimental measurements of steady state creep rates in Vthe Al,Oz/c-
ZrO, eutectic, ‘while few, have given a good measure of the response of this
material in the temperature range of interest. Taking account of the possi-
ble interactions of the ¢-ZrO, component with the Al;O3 component we have
developed a steady state creep model based on climb of pyramidal edge dislo-
cations in Al,O; alone. In our model we propose that the c-ZrO; component
of relatively large size, in the micron range will most likely undergo nearly
complete stress relaxation in the 1400°C range, resulting in an initial tran-
sient creep with relatively short time constant of roughly 200 seconds [2]. On
the other hand the sub-micron size domains of the ¢-ZrO, will most likely be
too small to undergo independent deformation processes by crystal plasticity
and will remain non-deformable to impede the climb motion of the pyramidal
system dislocations in the Al;O3; much like dispersoids. The observed creep
rate stress exponents in the range of 4-5 are indicative of this behavior. In this
sense it would appear that the eutectic through its unique morphology should
be more creep resistant than sapphire of [0001] axis orientation. To explore

this comparison we interpret our creep model for application to sapphire in
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which the climb motion of the dislocations are expected to be quasi-smooth.

Such a modification would give a steady state creep expression of

pf2. (1 — cos?$)3(2 — 3cos®¢)

ésap - AI(%)(%)S(W ln('l"s/’f'c) (10)

where A’ = 2(27)3/8 = 2.09 x 10° (for q=1.0)

and D, the diffusion constant, must be chosen for sapphire single crystals
not having the benefit of diffusion short circuits along interfaces. From Oishi
and Kingery [25] we obtain D' = 3.5 x 107""cm?/sec at 1400°C, or a factor
of 3.5 x 10~3 lower than for polycrystalline material or for our eutectic with
a large volume concentration of interfaces. For these alterations, but for all
other factors remaining the same we determine a steady state creep expression
for sapphire crystals of [0001] orientation at 1400°C which is shown as the
dashed line in Fig. 5, confirming our expectation of a lower creep resistance

in comparison with the Al,O3/c-ZrO, eutectic.

The creep model we presented is based on the existing evidence of the mea-
sured creep rates, their stress and temperature dependence and on the findings
of the earlier work of Firestone and Heuer [3] on single crystal sapphire. How-
ever, the work leaves many unanswered questions. Foremost among these are
the details of the continuance of the all-important fluxes of climbing disloca-
tions, their origins, their form of maintenance and the fine structure of cores
of dislocations such as details of jogs where the actual climb steps occur by
O ion vacancy emission. Preliminary energetic considerations of dislocation
emission from ledges on the ubiquitous interfaces or from misfit dislocations
along interfaces have indicated very large energy barriers under the prevailing
- local stresses. However, other forms of heterogeneous nucleation of disloca-

tions from interfaces must still be considered. Other possibilities for inelastic
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behavior such as Coble creep were discounted because of the apparent gen-
eral absence of transverse boundaries in the topologically continuous Al,O;3
component and the generally linear stress dependence of creep flow by this
mechanism, which if present, appears to be swamped by dislocation climb
flow. Some of these possible mechanisms as well as the missing details of the

maintenance of climb fluxes could come from TEM studies which are now in

progress.
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Table 1

Recorded Steady State Strain Rates

Stress (MPa) Strain Rate é(sample #)[€ average rate] (sec™1)
1200°C
200 1.97 x 10710 (142-18)
1400°C
200 3.6 x 10~° (187-29)
225 2.96 x 10~° (187-27-2); 8.16 x 10~° (187-27-1) [5.21 x 107°]
250 5.53 x 10-9‘ (187-29)
275 9.95 x 1079 (187-27-2); 1.10 x 108 (187-27-1) [1.048 x 1078]
1520°C
150 1.57 x 100 (142-16); 4.40 x 10~° (142-16) [2.98 x 1077
200 1.20 x 108 (142-16); 1.60 x 10~8 (142-16) [1.40 x 107%]
Table 2
Material Properties for Linear Elastic FEM Analysis
AL O3 c-Zr0Oy
Young’s Modulus 200GPa at 1400°C 0.05MPa at 1400°C
Possion’s ratio 0.3 0.4999999
Yield Stress (GPa) 5.0GPat 5.0GPat
Thermal Expansion | 9.1x107¢ (a) 9.9x107% (c) 12.9-1076
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Fig. 1. A direct lattice image of a typical interface between AlpO3 and ¢-ZrO; in an

Al,03/c-ZrO; entectic
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Fig. 2. Sketch showing the textural arrangement of the AlyO3 component with a
preferred [0001] axis and c-ZrO, with a preferred < 112 > axis found by electron

diffraction analysis. Other textures for ¢-ZrO; have also been reported.
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Fig. 3. A typical strain time plot for steady state creep at two different stress levels

in an Al,O3/c-ZrO; eutectic rod at 1520°C
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Fig. 4. A typical creep strain transient in an Al,O3/c-ZrO; eutectic under a stress
of 200 MPa at a temperature of 1200°C. The horizontal line gives an estimate of

creep strain increment due to stress relaxation in the coarse fraction of ¢-ZrOa.
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Fig. 5. Plots of steady state creep rates as a function of stress for temperatures of

1200, 1400 and 1520°C compéred with measurements reported by Sayir and Farmer

[2]. Broken lines represent predictions of creep model for Al,O3/c-ZrO; at 1400°C

and 1520°C, together with model prediction for sapphire at 1400°C
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Fig. 6. Determination of activation energy of steady state creep from temperature

dependence of steady state creep rate.
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Fig. 7. An SEM micrograph of a typical morphology of the Al203/c-ZrO; eutectic,
as revealed in a transverse section. The black component is AlsO3. Much of the
¢-ZrO, component (the white regions) is of low sub-micron size and is expected not

to defrom by any form of crystal plasticity.
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Fig. 8. Sketch of a round bar of a Al;03/c-ZrO; eutectic with z axis parallel to the
[0001] direction of the Al;O3. The plane at angle ¢ outlines a pyramidal glide plane.
A local tensile stress o7 will make a positive edge dislocation climb in the negative

Xo direction.
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Fig. 9. Sketches of an idealization of the ¢-ZrO, domains as ellipsoidal cylinders in

the topologically continuous Al,O3 component, for the purpose of a FEM study of

the internal stress distribution in the Al;O3 when a tensile stress o, is applied.
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Fig. 10. Stress distribution results of the FEM study; a) deviatoric (Mises) stresses
in the two components of the eutectic; b) the distribution of the climb stress o in

the Al Os.
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Fig. 11. Sketch depicting the required contortions that a climbing edge dislocation
need to suffer in bowing through the gaps between the ¢-ZrO; domains that we
consider to be impenetrable: a) critical climb configuration to bow through the gap
between two c-ZrO, dispersoids at a spacing A; b) at the point when the climbing
dislocation is just about to pinch off; ¢) the cusped dislocation line straightening

out under the application of line tension.
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Fig. 12. Consequence of the repeated bowing out and straightening of the climbing
dislocation considered as a set of internal resistance o; alternately retarding and
speeding up the climbing dislocation: a) retardation and speeding up considered as
unfavorable and favorable internal stresses o; in the presence of a climb stress o; b)
effect of 0; /o on the overall stress exponent m of the dislocation velocity; c) effect of
0;/o on the attenuation factor C on the average climb velocity. (figures reproduced

from Li [20], courtesy of J. Wiley & Sons)
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A The kinematics of creep strain rate by climb

As presented in Section 4.2, if a single set of parallel edge dislocations of
density p were to climb with a velocity v,, a strain rate € = bpv, would result

in the direction perpendicular to the plane of the climbing dislocations.

Referring now to Fig. 8, consider the coordinate axis set 1,2,3 of a pyramidal
glide system in a round bar of Al,O3 where the 1 axis is parallel to the Burgers
vector of the pyramidal edge dislocations and the 1,3 pyramidal plane makes
an angle ¢ with respect to the bar axis z. Under a tensile stress o; then, a
density p of dislocations climbing in the 2 direction (positive edge dislocations
in the negative 2 direction and negative edge dislocations in the positive 2
direction) a creep rate € in the 1 direction of would result. However, such
climb requires extension of extra half planes which requires material fluxes to
arrive to the dislocation from all directions and dispersal of vacancies into all
directions, resulting in contractile strain rates é;., s, €3.. For preservation of

volume, it would be necessary that

€0+ €1c+ €+ €3 =0 (A1)
and since by symmetry
€1c = €z = €3c (A2)
we have net strain rates
2
é] = —€p (A3a)
3
and
. . 1,
€y = €3 = ——3-60 (ASb)




Resolving these strain rates into the axes r, and z of the creep bar we have

€= (-;— — cos’p)éo (A.4a)
= —(3- %cosqu)éo (A.4b)

Since there are three sets of pyramidal dislocations, all with equal capacity to

contribute to axial strain rate, we take the total axial strain rate to be
é, = (2 — 3cos’d)éo (A.5a)

and

é=—(1— gcoszqﬁ)éo (A.5b)
where the dislocation velocity in ég is still related to tensile stresses parallel
to the Burgers vectors of the pyramidal dislocations. Resolving these tensile
stresses to the‘axial tensile stress o,, then gives the climb-causing tensile
stresses

o1 = go,(1 — cos®9) (A.6)
where the factor ¢ , which needs to be determined from a FEM boundary
value problem, refers to the volume average of the climb producing stress in
the Al,O3; component between the c-ZrO, components. This development is

discussed in Section 4.3.
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The mechanical properties of two-phase eutectics can be superior to that of either
constituent alone due to the strong constraining effects of the interlocking microstructure.
The present work focuses on the solidification characteristics and mechanical properties
of ALO;-AL,TiOs system. The challenge for the development of Al,O3-AlTiOs is to
improve the mechanical strength and toughness concurrently with a high resistance to
thermal decomposition. The solidification at the invariant eutectic point and Al,O, rich
region of the off-eutectic compositions was studied. The solidification characteristic and
it’s relation to produce an in-situ composite material will be discussed at some length.
Critical to this effort is the correlation of mechanical properties with eutectic growth data.
The strength is strongly related to the starting volume fraction of the minor phase. High
strength in the order of 340 MPa is associated with high Al,O, content. Bend tests
showed a large displacement for all compositions studied. The tortuous fracture surfaces
resulting from these tests were also strongly encouraging. HRTEM analysis revealed that
two different phases of AL, TiOs were present. The lattice constant of the Al,TiOs phases
were markedly different from the sintered materials. The spatial arrangement of the new
a-, and B-Al,TiOs phases around the reinforcing Al,O, dendrites and microcracking were
responsible for the improved toughness.
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Protonic separation membranes for the hydrogen industry require thermo-
chemical stability and high conductance. The perovskite BaCe,oY,;0; 5
exhibits excellent proton conduction at high temperatures, but shows poor
thermo-chemical stability. Substituting Zr for Ce, BaZr,,Y,,0; ;, improves
the thermo-chemical stability but significantly reduces proton conduction.
The objective of this work was to study the optimization of protonic
conductance and thermo-chemical by changing the ratio of Ce to Zr in
BaCe,, 7Zr,Y,,0;, To elucidate the dopant effect, co-precipitation method
has been developed to produce single phase perovskites of composition
BaCe,, 7r,Y,,0;; (0<x<0.9).—The co-precipitation method has been
optimized to yield high purity and homogeneous powders with a particle size
of 100-200 nm in diameter. The sintering characteristics were studied in
temperature range of 900-1400 °C and characterized using XRD and SEM.
The effect of Zr substitution on sintering behavior, protonic conductance and
thermo-chemical stability will be reported.
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Abstract

The microstructure of directionally solidified ALLOy/Er;Al;O;, (19.5 mol% Er,0;) is analyzed and high temperature
creep deformation studied using fibers in tension between 1400° C and 1550° C. The directionally solidified
ALO,/Er;AL0,, system is an in situ composite and has a fine eutectic- microstructure with sub-micron phase spacing.
The microstructure is elongated in the direction of growth. Transmission electron microscopy observations revealed
well-bonded interfaces and scatter within the crystallographic alignment of the constituent phases. The creep resistance
of the system was very high, comparable to c-axis sapphire, and failure initiated at the lamella interfaces. The influence
of the different elastic and plastic behaviors of the eutectic components on creep is examined. A critical discussion on
the origin of the high stress dependence of the creep rate, the existence of steady state creep, and the relevant micro-

scopic deformation mechanisms is presented.

© 2003 Acta Materialia Inc. Published by Elsevier Science Ltd. All rights reserved.

Keywords: Creep; High temperature; Eutectic; Strain recovery

1. Introduction

The eutectic architecture of a continuous rein-
forcing phase within a continuous higher volume
phase or matrix can be considered as a naturally
occurring in situ composite. Directionally solidi-
fied eutectic ceramics show superior creep resist-
ance and attractive high temperature strength reten-

* Corresponding author. Tel.: +34-954-556-956; fax: +34-
954-612-097. '
E-mail address: martinez@us.es (J. Martinez Fernandez).

tion [1-13] but a clear explanation of the origin for
the superior mechanical properties is not available.

A systematic study has been initiated at NASA
Glenn Research Center aimed at identifying the
sources of high levels of creep resistance in direc-
tionally solidified in situ composites. Directional
solidification at compositions near the eutectic
composition produces very fine microstructures,
whereas solidification at off-eutectic compositions
alters both the size and volume fraction of each
phase. Directional solidification over a selected
composition range of the phase field produced
microstructures ranging from the 100 nm scale at
the eutectic composition to 50 pm at strongly

1359-6454/03/$30.00 © 2003 Acta Materialia Inc. Published by Elsevier Science Ltd. Al rights reserved.
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hypo-eutectic compositions (cellular
microstructure) [6, 7, 14]. The nature of the
interphase-interfaces [1, 3, 13] is not expected to
change during solidification at different volume
fraction of the phases, or at eutectic or hypoeutec-
tic compositions. The focus of this article is on the
deformation characteristic of the Al,0s/Er;Al;sO;;
system near the eutectic region and the effect of
volume fraction (lamella dimensions) at hypoeu-
tectic compositions will be presented in a future
article.

The Al,O4Er;Al;O,, composition was selected
to examine intrinsic characteristics of the direc-
tionally solidified Al,O,/garnet systems. There are
no previous deformation studies on the
ALO,FEr;Al0,, system. Data on the
ALO,/Y;AlL;O,, system is available [1, 2, 8, 12]
and provides a basis for comparison with different
Al,0Oy/rare-earth garnet systems. The approach for
the use of monofilaments has been adopted to per-
mit a uniaxial tension test that provides data
regarding the intrinsic potential of the
ALOy/Er;AlL;O,, system.

2. Experimental procedure

ALL,O5/Er;AlLO,, fibers (19.5 mol% Er,0;) were
grown by the laser heated float zone method in air
as described in previous publications [5, 6]. The
source rods were prepared by extrusion without
pre-sintering. To initiate directional solidification,
a seed of single crystal (0001) Al,O; was used.
The pulling rate was the same for all the fibers (38
cm/h). The monofilament diameter ranged from
140 to 160 um (typical diameter oscillation of
approximately 10 microns along the fiber) with
lengths up to 40 cm.

Tensile creep deformation was studied using
dead-weight loads and cold grips at elevated tem-
peratures. Most of the deformation experiments
were run in air placing the central part of the fiber
in a MoSi, furnace (CM. Inc., Bloomfield, NI,
USA) with a 2.5 cm hot zone. The monfilament
was protected with a high purity polycrystalline
alumina or sapphire tube to eliminate any interac-
tion with the heating elements and to thus minim-
ize fiber contamination. Experiments in vacuum

were run using a tantalum furnace (Oxy-gon Indus-
tries Inc, Epsom, NH, USA) with a 7 cm hot zone.
The use of a vacuum environment eliminates the
strain reading noise caused by oscillations of the
room temperature and by the flow of hot air. This
is very critical for the accurate study of loading
transients and creep recovery. The test tempera-
tures ranged from 1400° C to 1550° C. The applied
stresses ranged from 80 to 500 MPa. The elong-
ation was measured with a linear variable differen-
tial transducer (LVDT).

The microstructures of as-fabricated and
deformed monofilaments, mounted in epoxy resin
and polished, were studied by scanning electron
microscopy (SEM). The small diameter monofil-
ament geometry was particularly effective in that
it cools rapidly. Quenching better retains the high
temperature microstructure. Specimens were
thinned to electron transparency and studied using
transmission electron microscopy (TEM). Special
care was taken when preparing TEM foils from
crept samples. A precision ion thinner was used
and the electron transparent regions were obtained
at distances less than 2 mm from the fracture sur-

_ face.

. 3. Results

3.1. As-fabricated microstructure

A representative cross-section of directionally
solidified Al,O4Er;Al;0,, ceramic is shown in
Fig. 1. The microstructure consists of alternating
lamellae of AL, O; (black contrast) and Er;Al;O;,
(white contrast). The Er;Al;0,, volume fraction
calculated from the area fraction on SEM micro-
graphs is 60.4+8.6%, the scatter being due to vari-
ation between sectional cuts of the fiber. The
microstructure consists of eutectic regions and
erbium-rich precipitates indicating that the selected
composition (the eutectic composition on the phase
diagram [15]) lies slightly outside the cooperative
growth region of this system for the processing
conditions used. The average lamellae widths for
ALO; and Er;AlsO,, phases were 0.3110.23 um
and 0.46+0.35 pum, respectively. Figure 2 shows
a representative longitudinal section. The cells are
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Fig.1. SEM micrograph of directionally solidified
ALO,/Er,Al;O,, cross-section showing the complexity of the
fine interlocking microstructure. The white regions are garnet
and the black regions are alumina.

Fig.2. SEM micrographs of directionally solidified
ALO,/Er;Al;0,, longitudinal section showing that the micro-
structure is elongated in the direction of growth. The tri-dimen-
sional continuity of the phases is clear from Figs 1 and 2.

elongated in the direction of growth with aspect
ratios between 5 to 25. In many areas, however, it
was difficult to assign an aspect ratio due to the
tri-dimensional continuity of the phases.

There is scatter in the crystallographic orien-
tation between Al,O; and Er;Al;O,, erbium alumi-
num garnet.! In Fig. 3 some frequently found
orientations are shown: c-axis in the alumina

! Garnet will be used from now on to refer to erbium alumi-
num garnet phase.

lamella is forming 5°-10° with the fiber axis (zone
axis [2110] at 5° from the foil plane), and garnet
with the [110] direction parallel to the fiber axis
(zone axis [011] perpendicular to foil plane).
Additional orientations further off-axis than shown
in Fig. 3 are also found. The crystallographic orien-
tations of neighboring lamellae of the same phase
are similar, indicating that change of orientation
within a phase occurs gradually. TEM observations
indicate that the interfaces are sharp, suggesting a
strong bonding between phases.

3.2. Tensile creep deformation

The creep curves show a primary creep regime
where the creep rate decreases continuously. Fig-
ure 4 shows a typical creep deformation curve at
low stress (190 MPa at 1400° C) where the creep
rate decreases to the limit of detection (=5x1071°
s~ 1), with total plastic strains of about 0.05%.
When the applied stress is higher (433 MPa at
1400° C), the system reaches a quasi-steady state
deformation up to failure at total strains of approxi-
mately 0.2%, Fig. 5.

Whether or not a portion of the creep curve
appears linear over a certain time interval depends
on the time scale of the creep curve. The quasi-
steady-state regime in this work is determined by
plots of the strain-rate against the true strain as
suggested by Poirier [16]. The creep deformation
rate, however, was history dependent. Experiments
in which the stress and/or temperature was changed
and subsequently returned to the initial stress and
temperature levels exhibited strain rates markedly
lower than the original strain rates at a given stress
or temperature condition (Fig. 6). This indicates
that a true stationary-state was not reached and the
prefix quasi is used to describe the observed defor-
mation regions. Quasi-steady-state strain character-
istics of the directionally solidified ceramics gave
additional impetus to include the raw data shown
in Figs 4 and 5 for completeness.

The ALO,/Er;AlsO;, system exhibits remark-
able creep resistance and requires very high loads
to initiate deformation. Figure 7 shows the quasi-
steady-state creep rates for the temperature and
stress regimes tested. The creep rate is very sensi-
tive to the applied stress, having a power law fit
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Fig.3. TEM micrographs of the as-fabricated microstructure (foil prepared in the longitudinal direction, the white regions are
alumina and the black regions are garnet). Diffraction patterns are included. In the case of the alumina region the diffraction pattern
after tilting to a low index region is also included. The monofilament axis is parallel to the [110] direction in garnet and forms 5°-

10° with the c-axis in alumina.
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Fig.4. Creep curve at 1400° C under a stress of 190 MPa. The curve of Fig. 5 is also included to illustrate the calculation of the
stress exponent from the creep rates at failure. Because deformation occurs in the primary creep regime, the stress exponent obtained

this way is overestimated.
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Fig. 5. Creep curve at 1400° C under a stress of 430 MPa. The curve of Fig. 4 is also included to illustrate the calculation of the
stress exponent at a given time. This is a more accurate way to calculate the stress dependence of strain rate when deformation

occurs in the primary creep regime.

70
60
501
40

140 MPa
30 -

Elongation (Lm)

A

201

comuson

10

170 MPa

M

W}>/105 MPa

20000

40000 6000

0 80000 100000

Time (s)

Fig.6. Creep curve at 1400° C with load increments and decrements. The strain rate at 105 MPa decreases after the first load
increments (140 MPa), and creep recovery (contraction of the monofilament) is observed after the 170 MPa load increment. Creep
recovery is due to the release of elastic stresses built up in the garnet phase during deformation.

with a high exponent (between 4 to 5). The scatter
. in the data is largely attributed to the non-uniform-
ity of the fiber diameter. The stress exponent is also
determined by incremental application of the load
during one single experiment. The incremental
load approach gave a similar stress exponent

n=4.1, R*=0.9999. In Fig. 7, the data points
obtained from a single specimen by incremental
loading mode at 1500° C have been included for
comparison (dashed line). The activation energy
obtained by temperature increments at constant
load was 5.1 eV (492 kJ mol !, R?=0.9778), Fig. 8.
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Fig.7. Plot of the creep rates before failure versus stress (the arrow indicates that a strain rate was not measurable). The data points
marked with a dashed line are obtained from the same experiment giving a stress exponent of 4.1 (R?>=0.999).
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Fig. 8. Plot of the creep rates versus the reciprocal of the temperature for experiments at constant load with temperature increments.
The activation energy for creep is compatible with the diffusion data available for different species in alumina and garnet [25, 27].

In Fig. 9, the strain rate at 100 MPa is plotted
as a reciprocal of the absolute temperature. The
normalized strain characteristic of Al,O4/Er;AlsO;,
at 100 MPa was calculated using a stress exponent
of 4.5. Data from the literature in other oxide cer-
amics is also included for comparison [6, 8, 17—
20]. The creep resistance of the Al,05/Er;Al;0,,
system is very high, comparable to c-axis sapphire
up to 1550° C. The extrapolation of the data on
sapphire is indicated with a dashed line. The high
creep resistance of Al,O4/Er;Al;O;, system is even

more striking given that the Al,O; lamella have
some degree of misalignment. The creep resistance
of AL,O; decreases dramatically with small mis-
alignments as indicated by the data included in Fig.
9. It must be noted that the creep resistance of the
Al,O,/Er,Al;O;, system is 3 or 4 orders of magni-
tude better than 15° off c-axis sapphire.> From the

2 Data was normalized from 300 MPa to 100 MPa with a
stress exponent of 4, typical on ALO; single crystals [17].
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Fig.9. Comparison of the creep rate versus reciprocal of temperature (normalized at 100 MPa) of the system studied in this work
(black triangles) and other structural oxides [6, 17-20]. SAP and UES are commercial alumina-YAG fibers with eutectic composition
[8]. The creep resistance of the AL,O,/Er;AL;0,, is very high, comparable to c-axis sapphire (the extrapolation of the data on sapphire

is indicated with a dashed line).

practical point of view, the Al,O4/Er;Al;O;, sys-
tem is superior to Al,Oj; as its mechanical proper-
ties are not as sensitive as sapphire to small mis-
alignments. The activation energy calculated from
this plot is 6.5 eV (626 kJ mol~!, R?=0.9214). The
incremental temperature calculation referred to
previously (492 kJ mol™?, R=0.9778) is more
reliable because it does not require normalization
with stress.

3.3. Microstructure of deformed specimen

Details of a representative fracture surface is
shown in Fig. 10. The fracture surfaces are rough
indicating that the damage propagation involves
crack branching. At higher stress concentrations
damage accumulation at the lamella interfaces
most likely leads to failure originating at this
boundary.

Extensive TEM observations were made in
samples which were carefully thinned adjacent to
the fractured surface of the specimens that were
subjected to uniaxial deformation at temperatures
from 1400° C to 1650° C. Very limited dislocation

Fig. 10. SEM micrograph of the fracture surface of a fiber
crept at 1400° C. It can be seen how cracks propagate preferen-
tially at the interfaces (arrowed). Damage is also probably
nucleated at the interfaces due to the high shear stress associated
to the different elastic and plastic properties of alumina and
garnet phase.

activity is observed in Al,O, lamella. The garnet
phase was dislocation free, even at very high defor-
mation }oads (Fig. 11). Coarsening occurred during
creep tests at temperatures above 1500° C (Fig.
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200 nm
B e

Fig. 11. TEM micrograph of a region close to the fracture of
a sample crept at 1400° C. A few scattered dislocations were
found in alumina and none in garnet. Exhaustive TEM examin-
ation of crept samples at other temperatures resulted in simi-
lar observations.

12). The aspect ratios of the phases are dramati-
cally reduced and the microstructure was equiaxed
after thermal treatments of 1.5 h at 1650° C.

3.4. Strain recovery

Creep experiments show a very intriguing his-
tory-dependent behavior. After load increment and
subsequent reduction of stress, the strain rates are
lower than initially experienced at the same load
(Fig. 6). If the previous load increment is large
enough, one observes a transient regime that may
last several hours during which contraction of the
sample occurs (see last load decrement in Fig. 6).
Specific experiments to confirm and further exam-
ine the extent of strain recovery were conducted
(recovery creep has been reported in similar sys-
tems [21]). For example in an experiment, the
initial deformation for 8 minutes at 510 MPa pro-
duced a total elongation of approximately 70 pm
(0.1% strain). The load was subsequently
decreased to a very low stress (15 MPa) at the

same temperature. After 16 h a recovery of
approximately 50% of the creep elongation was
observed. The strain recovery is clearly not elastic,
but rather is associated with the release of con-
straints built up during creep. This phenomenon is
under further study.

4. Discussion

4.1. Effect of load transfer on the creep
behavior

The TEM observations indicate that the inter-
faces are well bonded (Fig. 3). This type of inter-
face is typical of directionally solidified ceramic
eutectics [1, 3, 13]. Both components have fine
phase spacing and form a highly interconnected
microstructure. Due to the isostrain condition
imposed by the well-bonded nature of the inter-
faces and the different plastic and elastic properties
of the two materials involved, load transfer occurs
between the two phases during deformation. The
challenge is then to explain the seemingly complex
material response of directionally solidified eutec-
tics and to highlight insights gained for this class
of materials. To address this, we will first discuss
the mechanical response of the Al,Os/Er;AlsO;,
eutectic within three different behavior regimes as
defined by their observed response to load at elev-
ated temperatures.

The three regions can be described as (Fig. 13):

I. Both components are elastic. Alumina will carry
more load due to its higher elastic modulus. This
region is obtained instantaneously in a constant
load experiment.

II. Alumina reaches its plastic yield point and gar-
net is still deforming elastically. The stress
must increase continuously in the garnet phase
to attain a particular strain rate. There is then
a load transfer from alumina to garnet.

IIl. Both phases are deforming plastically. The

stress is redistributed to fulfill the isostrain
condition.

The load transfer of region II can be easily mod-
eled. The strains of alumina and garnet in this
region follow the relations,
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Fig. 12. SEM micrographs showing the microstructure after annealing. (A) 290 hours at 1400° C, (B) 3 hours at 1550° C, and (C)
1.5 hours at 1650° C. Microstructural coarsening is not detected at 1400° C even for very long annealing times. Over 1550° C
coarsening of the microstructure is clear. All the micrographs are shown at the same scale.

~—— Er,ALO,,

L~ ALO,

II I

€

Fig. 13. Hypothetical stress—strain curve indicating the three
stages of deformation discussed: Stage I, where both compo-
nents are elastic, stage II, with alumina deforming plastically
and garnet phase elastically, and stage IIl, where both compo-
nents are deforming plastically.

§,=A0% ¢, = E;'6, + A0, 1))

where € is the strain rate, o the stress, E is the
elastic modulus, and A the parameter relating the
creep rate to the stress. The subscripts “a” and “g”
refer to alumina and garnet. A typical power

dependence of the strain rate with stress is

- assumed. In addition to the elastic component of

the strain in garnet (g, = E, 'G,), the contribution
of a time dependent plastic strain is also included.

The isostrain condition requires the evolution of
load transfer with time,

é, = £;A,00 = E;'6, + A07, )
6 =o0,V,+ 0,V, 3)

where 6 is the average stress, V, and V, are the
volume fraction of alumina and garnet, respect-
ively.

The stresses in alumina and garnet then follow
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the time dependence of n=1 based on the assump-
tion that both single crystals deform by dif-
fusional creep:

o, = ¢ ¢ Oy lexp
g A A g0
vV, + V,A—f vV, + v.i
-E, A Y + A (C))
6 O,
Vily 4 v o
VBA, g Tag

(~afost

where the 0, is the stress at the beginning of
region II in gamet.

Garnet is about two orders of magnitude more
creep resistant than alumina at the temperatures of
the tests [17], so it is plausible to neglect the effect
of plastic deformation of garnet while this phase
is still deforming elastically during region II. Equ-
ation (4) can then be written as,

__o.(e
& Vg Vg
—A,V, G
-ogo)exp(—;,iE—gz)'l 2o )
a g

(5=
G,,oexp-—v—— —0,

where the 0, is the stress at the beginning of
region II in alumina. There is a stress transfer from
alumina to garnet during region II that will depend
on their relative elastic and plastic properties.
Two situations may arise depending on the mag-
nitude of external stresses and the minimum stress
to produce a measurable strain rate in the garnet

phase (o-min gamet):

(A) If (6/V,) < Opin gamer» during the load transfer
there is a decrease of the strain rate until it

goes under measurable values and plastic
deformation will apparently stop.

(B) If (6/V,) > Omin gamen both phases will deform
plastically after the load transfer. The system
could enter a quasi-steady-state regime if the
microstructure were stable during deformatio-
n.

An estimation of the minimum stress to produce
a measurable strain rate in Er;Al;O,, can be
obtained from the YAG single crystal data avail-
able in the literature [17]. The stresses necessary
to achieve a strain rate of 5x1071° s~! for YAG
are 240 and 130 MPa for temperatures of 1400° C
and 1550° C, respectively. Based on the volume
fraction of the YAG phase, the corresponding aver-
age stresses are 144 and 78 MPa. These stress lev-
els were obtained by extrapolating the available
creep data for [110] compression [17]. If the
stresses are calculated for an average orientation,
using the creep data for [100], [110], and [111]
loading directions, only a variation of 5%
(depending on temperature) is obtained because
there is little anisotropy of the plastic behavior.

The strain-time behavior of region II can be
expressed by:

Esystem — Eg = E_‘g. ©

Figure 14 shows a typical transient regime at
low stresses where the effect of the load transfer
on the creep curve is more evident because the
contribution of plasticity on garnet is negligible:
105 MPa at 1400° C. The best fit using equations
(5) and (6) is also plotted (R?=0.960) using the
elastic modulus of Y,Al;0,, garnet; 300 GPa [17]
with the volume fraction V,=0.6. This is a reason-
able assumption since the elastic moduli of single
crystal oxides does not differ within a family of
crystal structures [22].

The calculated data from Fig. 14 for the initial
stress in garnet phase (Oy) is 62 MPa with
A,=6.17x10"7 s7! GPa™!. The values of E, and 0
give compatible strains for regions I and II. The
initial stress in garnet obtained from the fit is close
to the stress redistribution that would be expected
after region I, attributable to the differences in elas-
tic modulus of sapphire and gamet (E,ppmire=450
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0,075
105 MPa
1400 °C

Best fit using equation 6

<— Both components are elastic

Best fit using equation 7

1500 3500

5500 7500 9500

Time (s)

Fig. 14. Typical transient regime at low stresses where the effects of the load transfer on the creep curve are more evident as the
contribution of plasticity of the garnet phase is negligible (105 MPa, 1400° C). Note that ‘the best fit using equation (5) (R?=0.960)
lies within the scatter of the data for most of the strain. The best fit using equation (7) (assuming n>1, R?=0.804) is also included.
The good fit of equation (5) supports the hypothesis of load transfer and diffusional creep of alumina.

GPa) [13]. This distribution of stresses corresponds
to the beginning of region II. The alumina creep
constant (4,) deduced from the fit gives reasonable
values for the creep rates (6.17 1078 s™! at 100
MPa and 1400° C) compared with the experimental
quasi-steady-state creep rates. Yet, these values are
lower than those obtained for diffusion controlled
creep in polycrystalline alumina {23]. This is not
surprising since the deformation of polycrystalline
_ alumina includes a contribution from grain bound-
ary sliding that is not viable as a mode of defor-
mation in the directionally solidified eutectic sys-
tem. This is the characteristic of the directionally
solidified eutectic ceramics with unique interphase-
interfaces that is dissimilar from the grain bound-
aries of polycrystalline materials and requires
further discussion (Section 4.2).

If the alumina phase is deforming with a stress
exponent larger than one in region II, the expected

evolution of strain with time would follow an equ-
ation of the form:

€= a"(ﬂ + ”)l,(l_"), (7)

where @, B, and ¥ are constants which depend on
E;, Oy, Ag and V.

The best fit obtained with equation (7) gave
n=2.19 and R?=0.804 (Fig. 14). Under the assump-
tion of n>>1, the stress exponent obtained is still
fairly low. Hence, a better description of the strain-
time dependence is obtained assuming that alumina
deforms by diffusional creep. The diffusional nat-
ure of the deformation in relation to the lack of
dislocation activity is further discussed.

Further understanding of the proposed model
load transfer model was obtained by stress relax-
ation experiments. The recovery of creep strain
after unloading is caused by the release of elastic
stresses built up in the garnet phase during defor-
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mation. The elastic stress is expected to cause con-
traction in the alumina and to recover part of the
creep strain after removal of the applied external
stress. The load transfer model can also provide an
equation for strain recovery by changing the inte-
gration limits:

£, = £,A,0, = E;'6,, 0, = 0, ®
€ = g4exp(—A,E,D,

where &, is the strain that is not recovered instantly.
The best fit gives a product of A,E,=107*s~!. The
calculated value of A, is 3.33x1077 GPa s~ !, which
is in good agreement with the value previously cal-
culated for the transients following loading. Due
to the complexity of the microstructure, garnet may

have undergone permanent deformation in some*

regions, which could then be responsible for the
creep strain that is not recoverable. Some
additional recovery may be obtained in longer
experiments.

4.2. Comparison with the classical deformation
models

The deformation mechanisms, which could be
operating in the two-phase system under isostrain
deformation conditions, can be classified in two
categories: (a) diffusion controlled mechanisms
and (b) dislocation controlled mechanisms.

4.2.1. (a) Diffusion mechanisms

Nix [24] derived an expression for the case of
creep by bulk diffusion (Nabarro-Herring creep)
including the effect of the aspect ratio of the
grains:

e 2 [(RR)(RE + RY
diffusion ™ diﬂ’eclivel 1 + R% + R%

k| P\ar ) [©
i4 W.
Ry = 7% Ry = 75 deg = (MWL),

where Q is the activation energy for diffusion, W,
W,, and L are the dimensions of the grains in the
two directions perpendicular to and in the direction
parallel to the applied stress.

In Fig. 15 the creep rates expected from this
model at 1500° C are plotted together with the
experimental data at the same temperature. Both
alumina and garnet are assumed to creep by lattice
diffusion, W,=0.46 pm, W,= 0.31 um, and the
aspect ratio is 10. There is a lack of data on cation
diffusion for garnet (only anion diffusion data is
available [25]). Therefore the cation diffusion coef-
ficient was calculated from creep data on polycrys-
tals [26], where creep has been proven to be con-
trolled by bulk diffusion. The same approach was
adopted for the diffusion coefficient measurements
of alumina [23]. The distribution of stress between
the two phases was calculated at each external
stress to fulfill the isostrain condition.

The strain rate expected from this model is
higher than the experimental ones. This could be
due to several different factors:

1 Overestimation of the diffusion data. The dif-
fusion data calculated from creep experiments in
polycrystals has been reported to give high
values. For example the oxygen diffusion coef-
ficient calculated from creep data in alumina
[23] is over three orders of magnitude higher
than the values obtained from direct measure-
ments [27]. If the same discrepancy were
assumed to exist between the cation diffusion
(the lowest diffusing species) and diffusion data
calculated from creep data in garnet [25], the
simulated and experimental values would be in
much closer agreement (Fig. 15).

2 There is no sliding at the interfaces. Diffusion
creep is strongly coupled with grain boundary
sliding, as diffusion creep creates deformation of
the grains that must be accommodated. Accom-
modation by sliding at interfaces is not occurring
during deformation in the AL,O,/Er;AlO,; sys-
tem. This creates a build up of stresses at the
interfaces, and increasingly longer/less stress
driven diffusion paths are necessary to cause
deformation. The creep data from polycrystals
used to calculate diffusion coefficients includes
a component of the strain due to interfacial slid-
ing that could contribute to the over estimation
of the creep rate.

3 The diffusion paths are longer. The phases are
tri-dimensionally interconnected. This intercon-
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Fig. 15. Plot of the experimental (solid circles) and calculated creep rates at 1500° C considering diffusional creep (using diffusion
coefficients obtained from creep on polycrystals and extrapolating the diffusion data available), and dislocation controlled creep. The
regions where diffusional and dislocation plasticity dominate are indicated. Diffusion kinetics can explain the experimental creep
rates. Dislocation plasticity dominates only at stresses well over the fracture stresses of this system.

nection leads to longer diffusion paths than the
ones measured from the two dimensional
cross-sections.

The microstructural evolution observed during
the tests at temperatures over 1500° C is strong
evidence supporting the importance of diffusion at
the testing temperatures. The observed coarsening
and longitudinal decrease of aspect ratio is driven
by the decrease in interfacial energy. However, this
coarsening indicates that the strains of the creep
experiments could be easily caused by diffusion.
Due to this microstructural evolution, detailed
study of the creep curves was restricted to tempera-
tures below 1500° C.

The high stress exponent observed could be
explained by the existence of a threshold stress and
by the non-stationary nature of creep within this
system as will be discussed in Section 4.3. The
activation energy for creep is compatible with the
activation energies of diffusion available for the
different species in alumina and garnet that range
from 300 to 700 kJ mol~![25, 27].

Based on these observations, diffusion is a
plausible explanation for the quasi-steady-state
creep rates observed. It is consistent with the mag-
nitude of creep, the calculated creep parameters,
the microstructural observations, and the loading
and unloading transients.

4.2.2. (b) Dislocation mechanisms

The stress necessary to drive a dislocation across
the interfaces is at least two orders of magnitude
higher than the resolved stresses applied in the tests
[14]). The dislocations must then move within one
of the two components, thus they must bow within
the phase spacing (A). The stress necessary for this
process is [28]:

_Gb

l b4
where G is the shear modulus, and b the Burger’s
vector. We will consider that Er;Al;O,, has similar
properties to Y3Als0,, (elastic shear modulus at

1500° C of 110 GPa, and Burgers vector
{111)=1.04 nm) [17]. For Al,O,, a Burger’s vector

T 10)




ARTICLE IN PRESS

14 J. Martinez Fernandez et al. / Acta Materialia XX (2003) XXX-XXX

of 0.512 nm and an elastic shear modulus at 1500°
C of 133 GPa were used [17]. The nominal phase
spacing ranges from 0.1 to 1 pum. The stresses
necessary to bow the dislocations through the
smallest spacing are then 1 GPa for Er;Al;O,, and
0.7 GPa for Al,O,. This calculation suggests that
dislocation glide in Er;Al;O,, is seriously limited
as the stress necessary for dislocation bowing
within the phase spacing s is of the same order of
magnitude as the applied stress. The stress calcu-
lated from equation (10) would be the threshold
stress for dislocation-controlled plasticity.

The behavior expected under the assumption
that dislocation mechanisms are active can be cal-
culated using literature data on sapphire and YAG
[17] single crystals. Sapphire creep data is avail-
able for c-axis and 42° off axis orientations [6].
The TEM observations showed that the c-axis of
alumina is not perfectly parallel to the specimen
axis; a linear interpolation was taken between these
two sets of data assuming a misalignment of 10°.
In the case of gamnet, creep data for [110] com-
pression [17] was used. The isostrain condition was
imposed and threshold stresses were calculated
from equation (10). The phase spacing of alumina
and garnet was taken as 0.31 and 0.46 um, respect-
ively.

The calculated strain rates for dislocation plas-
ticity are lower than the experimental ones. Figure
15 shows that dislocation plasticity would domi-
nate only at stresses well over the fracture stresses
for this system. The extensive TEM studies did not
find significant dislocation densities. The isolated
dislocations found (Fig. 11), are very different
from the typical dislocation networks of crept sin-
gle crystals. This experimental evidence supports
the conclusion that dislocations do not play a sig-
nificant role in deformation. The low density of
dislocations also has been acknowledged in other
works in similar systems [8, 29]. Even in systems
with a larger phase spacing (approximately
between 5 to 20 um) very little dislocation activity
is reported in constant strain rate tensile experi-
ments [30]. The increase in phase spacing will
increase the diffusion paths and decrease the stress
necessary to bow dislocations.

4.3. Steady state creep or primary creep?

From the arguments put forth in the discussion
above, un-accommodated diffusion appears to be
the mechanism responsible for creep deformation
under the experimental conditions. This mech-
anism will not yield a true steady state creep
behavior because the strain caused by diffusion is
not accommodated. Due to the strong bonding of
these interfaces, boundary sliding does not occur.
The Al,04/Er;Al;0;, system is deforming in a pri-
mary regime until damage at the interphase inter-
faces is created. Steady state creep terminology
should only be used then as a phenomenological
approach to describe the best creep resistance
under certain conditions and to compare with the
creep resistance of other materials.

The time dependence of strain in primary creep
is usually described by [16],

£ = A/, an

Figures 4 and 5 show creep curves for two exter-
nal stresses together with their best fits using equ-
ation (11). The curves fit well with the time depen-
dence of equation (11). The exponent m obtained
ranges between 3 to 8. However, if we consider
only the final part of the creep curve in Fig. 4 (low
strain rates, small stress), a straight line can also
give a reasonably good fit. It is then difficult to
determine from the final portion of the curve,
which fit is better as the strain to failure is small.
For example, if the AL Os/Er;AlsO;, system is
deforming at 1.1x1078 s™! after 50 h and fails after
60 h, in these last 10 h, assuming a primary creep
behavior with m=5, the strain rate would decrease
to 1.06x10~% s™!. This decrease in strain rate
would be difficult to measure. The continuous
decrease in strain rate is better observed in high
strain rate experiments (Fig. 5), supporting the idea
that the system remains in the primary creep
region. Previous work on alumina-YAG also
acknowledges this lack of steady-state creep [8].
These authors report a continuous decrease of
strain rate down to a minimum, and then an
increase of strain rate to failure. The minimum
creep rate during the tests is taken as the steady
state creep [8].

The determination of the stress dependence of
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the quasi-steady state creep rate must be carefully
considered. The strain to initiate damage at the
interfaces that will lead to failure depends more
strongly on the degree of interlocking of the micro-
structure than on the applied load. A more inter-
penetrating microstructure requires greater sliding
at the interfaces to accommodate diffusion. The
applied load controls how fast the system reaches
this critical strain for damage, so the time to failure
will be shorter as we increase the load. If we fit
the final portion of the curve with a straight line
for two stresses, we will get an apparent stress
exponent higher than the real stress dependence of
the transient regime. The relation between these
exponents can be calculated. The strain rate fol-
lows the equation:

A
& =—ommL, 12)

The strain to failure gives a relation between the
times to failure at the two loads

a n t 1/m
Esamage = €1 = sz=>(—‘) = (—2) ) (13)

(o)) 191

The stress exponent from the linear fits prior to
failure is:

(14)

Using equation (13):
apparent = mn. (15)

A value of m=5 will give a stress exponent 5
times the real stress dependence of the microscopic
deformation mechanism. The measured stress
exponent from the strain rate prior to failure could
only be equal to the real stress dependence if the
times to failure are the same. This is not the case as
the time to failure is much shorter for higher loads.

n

The experimental situation (Fig. 4) is far from
ideal. The time exponent and pre-power constant
of strain show considerable scatter. This is not sur-
prising given the complexity of the microstructure.
However, the main issues are clear: the evolution
of strain with time follows a power law typical of
transient creep, and the stress exponent determined
from the strain rate prior to failure leads to an
overestimation of strain values. In Figs 4 and 5 the
values of the stress exponent comparing strain rates
prior to failure (n=7.3) and comparing strain rates
at the same time (n=2.6) are calculated.

The transient nature of creep in this system
together with the existence of a threshold stress
accounts for the high stress exponent measured
(reported as high as 18 in the literature [8, 29]).
These experimental values are so far from the
values expected from the diffusion or dislocation
models that they do not by themselves provide suf-
ficient support for either. Additional evidence is
needed.

5. Conclusions

The Al,04/Er;Al;O,, (19.5 mol% Er,0,) system
grown by directional solidification produces a fine
microstructure with a high density of well-bonded
interfaces. This microstructure imposes an isostrain
condition during elastic and plastic deformation.
The different elastic and plastic properties of the
two phases leads to a unique load transfer situation.

There is Ioad transfer to the garnet phase while
this phase is deforming elastically that causes a
continuous decrease of creep rate. During this tran-
sient regime the garnet phase deforms elastically
and alumina deforms plastically. Following the
initial region, both phases will be deforming at the
same rate which is the global deformation rate of
the ALO,/Er;Al;O,, eutectic. The lack of dislo-
cations within the deformed specimens, the coars-
ening of the microstructure, the activation energies
for creep, and the detailed study of the transient
creep during loading and unloading conditions,
leads to the conclusion that creep deformation of
AlL,O4/Er;AlsO,, eutectic is diffusion controlled.
Sliding at the interfaces does not accommodate dif-
fusion and the system deforms in a non-steady-
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state regime. Non-steady-state deformation leads to
over-estimation of the stress exponents. Damage
induced by the stress built up at the interfaces
initiates final failure.

The unloading of the Al,O5/Er;Al;O,, system
following a moderate amount of creep defor-
mation, produces a unique strain recovery. The
driving force for the stress recovery is the stress
that builds up due to the elastic deformation of gar-
net phase while alumina phase is deforming plas-
tically.
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Abstract

ALO;-Zr0,(Y,05) eutectic materials possess good fracture strengths and creep resistance. Increased Al,O; content
is one means to further improve creep resistance. The objective of this study is to examine fracture strength of ALO;-
rich (hypoeutectic) compositions at varying Y;O; contents. Fibers 160-220 um in diameter with 68 m/o ALOj; and 1.1-
7.6 m/o Y,0; (30.5 to 16 m/o ZrO,) were directionally solidified at 0.11 mm/s using the laser-heated float-zone process.
Defect populations increased in size and severity with higher Y,0; contents. However, fibers maintained 1 GPa fracture
strength in the presence of numerous pores and shrinkage cavities, which extend with crack-like morphology along the
fiber axis. Published by Elsevier Science Ltd.

Keywords: Strength; Modulus; Al,O3; ZrO,; Eutectic

1. Introduction

AL 03-Zr0, eutectic strengths have been studied since the 1970°s [1-13]. Directionally solidified oxide
eutectics exhibit improved resistance to slow crack growth and excellent strength retention at high tem-
peratures up to 1400 °C [11]. Materials studied typically contain Y,0; to metastably retain the high
temperature cubic and tetragonal polymorphs at room temperature. The ZrO,~Y,0; phase diagram [14] is
given in Fig. 1. In practice, a ZrO, (10 m/o Y,03) solid solution addition is sufficient to fully stabilize the
cubic polymorph to room temperature. At lower Y,0; content, ~3.5 m/o, the tetragonal polymorph is
retained. The local transformation of the metastable tetragonal polymorph to the stable monoclinic form in
the presence of a propagating crack provides a toughening effect that has been extensively studied. If no
Y,0; is added to the Al;0;-ZrO, eutectic, microcracking occurs on cooling from solidification tempera-
tures due to the relatively large volume change (3-5%) which accompanies transformation of tetragonal
Zr0O, to monoclinic ZrO,.

Deformation studies of Al,0;-Zr0,(Y,03) eutectics have been conducted on fibers of (60.8 m/o ALOs,
39.2 m/o ZrO,(9.5 m/o Y,0;)) materials [11]. Al,03;~ZrO,(Y,O;) eutectic material exhibit a minimum creep
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Fig. 1. Phase diagram for the system ZrO,-Y,O5 (Ref. [14]). Solid solution phase fields for monoclinic (M), tetragonal (T,;) and cubic
(F.,) zirconia polytypes and the hexagonal (H,) and cubic (Y,,) polytypes of yttria are shown.

rate of 10~° s~} under 50 MPa and 10~5 under 300 MPa load at 1400 °C. These values are better than the
creep value expected for off-axis sapphire but substantially below c-axis Al,O; creep values. Increasing the
amount of Al,O;, the more creep resistant phase, is one means to improve the high temperature creep
resistance of Al,0;~ZrO,(Y,0;) eutectic materials. Mechanical properties are expected to be affected not
only by the vol.% of Al,O; but also by the ZrO, polymorph. The creep resistance of ¢-ZrO, at 1400 °C
exhibits a twofold increase in flow stress with increase in solute content due to solid solution hardening [15].
Partially stabilized ZrO, (cubic plus tetragonal polymorphs) crept under similar conditions shows potent
high temperature precipitation hardening [16]. The contributions of the phases, interphase interfaces and
their spatial arrangement on the creep resistance is under investigation.

Substantial variations from the eutectic alumina to zirconia ratio can be tolerated without a loss in room
temperature strength [2]. The purpose of this study is to examine the effect of increasing Y;0; addition on
the room temperature tensile strength of an Al;03-ZrO, material containing excess Al,O;. Results on
mechanical properties and microstructures of these materials will be used to define compositions for creep
testing in future work. Al,O3-ZrO; is of fundamental interest for creep studies as it combines a creep
resistant material, ALO;, with a very low creep resistance material, ZrO,.

2. Experimental procedure

All materials were prepared from mixed powder composition of the base oxides. The powders are milled
with binder and extruded to form a green rod. After drying, rods serve as source materials for fiber growth
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using the laser-heating float-zone (LHFZ) facilities at NASA Glenn. The LHFZ systems scan a focused
coherent CO2-laser beam across a feed rod tip to produce a small molten zone. A c-axis Al,O; fiber is used
to seed growth. All materials were grown at a constant pull rate, 0.11 mm/s. This growth rate was selected
as it produces a fully lamellar structure in 62 m/o AlO3, 38 m/o ZrO, eutectic compositions. At this rate,
fibers can be stably grown in LHFZ over a small range of temperatures, AT = 10-40 °C, about the eutectic
temperature. Growth temperatures at the lower limit were selected for this study. The materials fabricated
had 68 m/o ALO; and Y,O; contents of 0, 1.1, 3.2, 5.1 and 7.6 m/o Y,0; with ZrO, as the remainder.

The tensile strength of LHFZ fibers was evaluated at room temperature using standard test procedures.
Fibers 70 mm in length were mounted onto plastic tabs using epoxy. 5 mm pieces of a commercial fiber were
affixed to the test fiber to serve as flags in measurement of the strain using a Zimmer 1071A optical ex-
tensometer. Flags were set at a 25 mm gage length and plotted results were used to indicate strain to failure
and to calculate modulus. Data was taken using a table top Instron 4500/Series-IX with a sampling rate of
50 points/s. The crosshead speed was 0.02 mm/s and all tests were conducted at room temperature. Fiber
diameters were measured using an optical microscope equipped with a Boeckeler marker measurement
system. Microstructure and the few primary fracture origins which were retained, were examined using
scanning electron microscopes.

3. Results and discussion

3.1. Modulus and fracture strength

The range of compositions studied was selected so that materials with distributions of both tetragonal
ZrO, and cubic ZrO, could be examined [17]. The 68 m/o AL,O3 32 m/o ZrO, composition is calculated to
have ~77 vol.% ALO;, a 10 vol.% increase relative to the 62 m/o ALO; (~67 vol.%) eutectic composition
[18]. Adding Y,0s affects both the ZrO, polymorph(s) and the phase content. Y,03 is soluble in Al,O;
at the ppm level. Therefore the 1.1 m/o Y,0; ternary corresponds to a 3.5 m/o ZrO,(Y,0s) solid solution
and is expected to be tetragonal. The 3.2 m/o Y,0; materials, a 10 m/o ZrO,(Y,0s) solid solution, are
expected to be fully cubic ZrO,. The 5.1 m/o Y,0; composition lies adjacent to the boundary of the
ALO; + ZrO; + Y;AlL;0,, ternary phase field [17] and some Y3Al50;; formation will occur. The 7.6 m/o
Y,0; composition lies well within the ternary field. Additionally, x moles of Y,03 yield a 2x mole increase
in ZrO, solid solution. So even with no Y3Al;0;, formation, the vol.% of Al,O; continuously decreases
from its maximum value of 77%.

An example of a force vs. displacement curve obtained in this study is shown in Fig. 2. In a typical test,
the diameter of the specimen retained after fracture is used to calculate the cross-sectional area and the
fracture strength (GPa). The relative displacement of the two flags that define the test specimen gage length
is used to calculate relative strain. Due to variation of the fiber diameter within the gage length, an average
effective area was determined for plotting stress vs. strain. The elastic modulus is then estimated by curve
fitting the slope of the stress—strain plot. To calculate an effective area, a series of optical photographs were
taken over the gage length and digitized. Effective cross-sectional area, 4, is then

A =n(42)/(4L3) 1)

where 4,, is the projected area measured from the optical photographs and Ly is the gage length. Following
this procedure the calculated elastic modulus for the five compositions is shown in Table 1.

The range in moduli, 270-370 GPa, is large and can be explained, at least in part, by considering the
phase content and defects of the sample materials. The volume fraction of phases for the 1.1 m/o Y,0; fiber
is ~72% Al,0; and ~28% ZrO,. There is a large difference in elastic moduli between ALO; and ZrO,.
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Fig. 2. Graph of load vs. strain data for fiber containing 1.1 m/o Y;0;.

Table 1

Elastic modulus for 68 m/o Al,O; materials with increasing Y,O; additions estimated from the slope of stress—strain data plots
No YzO; 1.1 m/o YzO; 3.2 m/o Y103 5.1 mlo YzO; 7.6 m/o Y203
Elastic modulus (GPa) 270 370 320 290 310

Modulus values of 233 GPa ZrO,(Y,0;) for 5 and 14 m/o Y,0O; content crystals was determined by
acoustic pulse-echo overlap technique [19] and 456 GPa for c-axis Al,O;3 [20]. Using these values, the rule of
mixture modulus for a parallel configuration is ~390 GPa. This is in reasonably good agreement with the
370 GPa value calculated for the 1.1 m/o Y,03 fiber.

The material containing the maximum vol.% Al,03, 77 v/o, but no Y,0; addition has the lowest elastic
modulus. The low elastic modulus reflects the extensive microcracking that occurs on transformation of
tetragonal ZrO, to the larger volume monoclinic polymorph. At 1.1 m/o Y;0s, the ZrO, lamellae are
stabilized against transformation on cooling and growth defects for this material are minimal. This material
exhibited both the highest elastic modulus, 370, and best strength. As Y,0; content is further increased, the
vol.% of Al,O, relative to the lower modulus ZrO, and Y3;Al;0y, phases decreases. In addition to de-
creasing the vol.% of Al,Os relative to ZrO,, the Y,0; has an undesirable effect on growth front conditions.
The Y,0; causes substantial constitutional supercooling of the melt, which impacts growth front mor-
phology. In the 3.2 m/o Y,0; and higher compositions, this leads to formation of crack-like shrinkage
cavities, which further contribute to the decline in modulus.

Factors expected to effect eutectic strength are lamellar spacing, width of intercolony boundary regions
and associated phases, voids and growth defects. The scale of these microstructural features extends over an
order of magnitude. Interlamellar spacings are very fine, ~0.3 to ~0.2 ym while pores and shrinkage
cavities are several microns in size in the highest Y,0; content materials. The tensile strength data are given
in the form of Weibull probability plots, Figs. 3 and 4. The single parameter Weibull probability, In(In(1/
survival probability), is plotted vs. In(fracture stress). Fig. 3 shows the test results for fibers with 68 m/o
AL O; and 0-3.2 m/o Y,0;. Mean strengths range from 0.74 for no Y,0; additional to a maximum of 1.3
for the 1.1 m/o Y,0; addition. Fracture strength of the strongest 1.1 m/o Y,O; fibers is 1.9 GPa. Strengths
decline with additional Y,Os. The differences in the means of Fig. 3, although small, is significant at the 90
% confidence level. Significance was calculated using the Student #-test.
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Fig. 3. Weibull probability plot of tensile strength for (1) 0 m/o, (2) 1.1 m/o and (3) 3.2 m/o Y,0; compositions.
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Fig. 4. Weibull probability plot of tensile strength for (1) 3.2 m/o, (2) 5.1 m/o and (3) 7.6 m/o Y,0O; compositions.

Strengths remain at ~1 GPa strength for 3.2-7.6 m/o Y,0; materials, Fig. 4. Differences in the means for
these compositions were not statistically significant at the 90% confidence level. Fiber containing 3.2 and
5.1 m/o Y,0; were tested over a large diameter range (160-320 pm). Small diameters had the highest
strength and large diameters the lowest as would be expected. For compositions with the highest Y,0;
contents (5.1 and 7.6 m/o Y,03), there is a large increase in Weibull modulus. The highest Y,0; fibers
contain a population of large pores and shrinkage voids within the wide colony boundaries. The defects
result from the solidification process as will be discussed in the following paragraphs. Even with an ap-
parently large flaw population contributing to failure over a narrower range of strengths, the mean strength
value remains ~1 GPa.
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3.2. Effect of composition on microstructure

Microstructure of the five compositions will now be discussed in greater detail. Fracture strength as was
mentioned above is correlated with processing conditions and hence the fracture characteristics of the fibers
and their defects will be discussed from a processing perspective. At the 40 mm/h pull rate, fibers with no
Y,0; solidify with a lamellar microstructure. A distinct change in morphology occurs with added Y0;.
The microstructure of the Al,0;-ZrO, fibers of eutectic composition (62 m/o Al,Os, 38 m/o ZrO,, 0 m/o
Y,05) are fully lamellar and solidifies without colony formation, Fig. Sa. The lamellar structure extends in
regular fashion throughout the fiber cross-section. The hypoeutectic material (68 m/o AL, 03, 32 m/o Zr0,)
of this study was also lamellar but less regular, Fig. 5b. Bands of coarser structure occur at intervals. This
banding reflects the curvature at the growth front and delineates thermal isotherms. The excess AL, O; is
accommodated within these bands of coarser structure. No growth of primary Al,O; was observed. Pores
and crack-like features occur at the junction between bands. The microcracking associated with trans-
formation to monoclinic ZrO, is not readily observed at this scale of observation. However, the low
strength values, 0.6-0.9 GPa, and low elastic modulus are consistent with microcracking damage.

Fig. 5. (a) Fine lamellar microstructure of eutectic material, 62 m/o Al,0;-38 m/o ZrO, and (b) banded lamellar microstructure of
alumina rich material, 68 m/o Al,0;~32 m/o Zr0,.
}
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In materials containing Y03, the melt becomes constitutionally supercooled and a planar growth front
is not maintained during solidification. Colony growth results. The tendency for Y,O; additions to un-
dercool the melt have been previously reported in work of Borodin et al. [7]. Under conditions of large
undercooling, the leading phase, Al,O;, facets on the r-planes, {1-1 02} and a transition from lamellar to a
ZrO, rod morphology occurs. This represents a major change in the morphology (lamellae to rod) and
distribution (axially aligned to inclined ~55° to the fiber axis) of the ZrO, phases. The fracture strength
increases from 0.7 to greater than 1.0 GPa. The increase in strength is more strongly influenced by partial
stabilization of the ZrO, than by the change in phase morphology and inclination as strengths greater than
1 GPa has been typical for variety of microstructures in both hypo- and hypereutectic Al 03-Zr0,(Y,05)
compositions.

Facetted colony growth is common to all Y,03 compositions of this study. However the manner in which
excess Al0; is accommodated differs. In the 1.1 m/o Y,0; composition, excess Al 04 is accommodated in
AlLOs-rich colony boundary regions and by formation of Al,Os-rich facets on the fiber exterior in small
diameter fibers. In large diameter fibers, solidification of a small number of primary AL,O; dendrites occurs.
Some distortion of the fibers is associated with the emergence and disappearance of Al,O; facets. The
formation of facets disrupts the balance of surface tensions at the liquid-solid-vapor triple junction. The
molten zone shifts abruptly away from a central position and the fiber twists. Regions with one or two facets
are separated by regions without facets. Fibers in which primary fracture surfaces were preserved fail from
the center of the largest facet where the major facet is intersected by a smaller surface facet, Fig. 6. Larger
diameter fibers, 200-300 um, did not tend to facet. Instead, primary Al,O3 dendrites were common.

It is notable that the faceted and twisted fibers of the 1.1 m/o Y,0; material, which experience a complex
stress state on loading (tension and shear), proved to possess the highest strengths. The 1.1 m/o Y,0; fibers
are lamellar in the region near the fiber exterior with faceted colonies occurring only in the central portion
of the fiber. There is minimal intercolony boundary width. Pores and ZrO, particles are located in the
intercolony regions, Fig. 6b. There are no shrinkage voids. Fracture occurs in the Al,O; phase relatively
unaffected by ZrO, lamellae or rods. Some deflection does occur within the colony boundaries. Aside from
the exterior alumina facets, these materials exhibit the smallest and least numerous growth defects and
hence the greatest fracture strength. '

At Y,0; contents >1.1 mol%, no tendency for external alumina macro-facet development was observed.
Materials however are highly supercooled and primary Al,O; dendrites nucleate and grow in advance of
the cooperative growth front. ALO; dendrites are arrowed in Fig. 7. The primary ALO; nucleates in
a peripheral region near the fiber outer diameter where the temperature gradient is greatest. Therefore,
dendrites are distributed in an annulus near the fiber periphery. At larger melt constitutional supercooling,
the central portion of the faceted colonies extends a far greater distance into the melt. The intercolony
regions, which are last to solidify, increase in thickness and contain irregular-shaped ZrO, particles. The
intercolony boundary width increases in thickness. The size of ZrO; particles increases, Y,0;-rich particles
(presumably Y3Al;0,,) are present and in the 7.6 m/o Y,O; material, solidify as an axially aligned con-
tinuous phase 3-10 ym in length within the intercolony region (Fig. 8). Pores increase in number and size
and in 5.1 and 7.6 m/o Y,0; compositions, shrinkage cavities are readily apparent.

Shrinkage cavities extend parallel to the fiber axis and are often referred to as shrinkage cracks due to
their crack-like morphology. Shrinkage cavities develop as the increasing lag of the colony boundary re-
gions from the advancing growth front sets up a condition where there is insufficient molten liquid flow to
these last regions to solidify. The volumetric shrinkage on cooling then causes cavity formation. Yet, the
effect of these defects are minimal. The shrinkage cavities are aligned roughly along the tensile axis and did
not lead to a significant decrease in fiber tensile strength. It is noted however that the fibers with the
shrinkage cavities also had larger irregularly shaped ZrO, particles and sharp edged pores. The number,
severity, and perhaps interaction of these defects contribute to the higher Weibull modulus values and
lower mean strengths.
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Fig. 6. (2) Primary fracture surface in 1.1 m/o Y,0; material: Fracture initiates from surface at intersection of large facet (arrowed)
with smaller surface facet and (b) primary fracture surface in central fiber region. Fracture occurs within A,O; with minimal de-
flection.
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Fig. 7. AL,O; dendrites occur near fiber perimeter identified by visible cleavage steps.
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Fig. 8. 7.6 m/o Y,0, material. Y3Al;Oy, solidifies within intercolony regions along with smaller (lighter contrast) ZrO, particles.

The fibers grown adjacent to or within the ternary phase field, compositions of 3.5, 5.1 and 7.6 m/o Y,0;
content, shows large amount of Y3;Al;0,, phase within the colony boundaries, specifically concentrated at
the triple junctions between colonies Fig. 8. The composition in the series of area occupied by the colony
boundary formation increase with increasing Y,O; content as does the ZrO, particle size. The differences in
fracture strength levels for these three compositions were not statistically significant. The primary fracture
origins could not be unambiguously located because of the disintegration during the tensile testing. The
differences observed in microstructure are incremental. Colony size decreases and intercolony area increases
as Y,O; increases. The amount of Y3;AlsO,, increases and the size and severity of pores and cavities in-
creases.

It is surprising given the defect population that the mean fiber strength remains about 1 GPa. From our
results, we infer that strength is most likely controlled by the lower toughness continuous Al,O; phase. The
coefficients of thermal expansion for Al,O; and ZrO, differ substantially. Upon cooling, the Al,O; phase is
in tension and the ZrO, in compression. Average values have been determined by Pastor et al. [21]. At the
large discontinuities between Al,O3 and ZrO,, such as shrinkage cavities, these residual forces are relaxed.
These cavities which are aligned along the tensile axis are not strength controlling. Smaller pores contained
wholly within the AL, O; phase and large ZrO, particles located in the colony boundary regions are believed
to act as critical defects. Although the presence of the discontinuous ZrO, and Y3Al;0;; phase may impart
increased toughness and greater defect tolerance, the residual tensile stresses in the lower toughness ALO;
phase are thought to determine the fracture strength of these materials.

4. Conclusions

The study examined fracture strength of directionally solidified 68 m/o Al,O; hypoeutectic compositions
at varying Y,O; contents. The Y,0; content had a pronounced effect on the microstructure and fracture
characteristics. Both the degree of supercooling caused by Y,Oj; additions and the degree of solute rejection
to the colony boundary regions were profound. This effect was underestimated in the design of this study.
Hypoeutectic materials with A,O3 contents intermediate between 68 m/o and the 62 m/o AL,O; eutectic
composition and with minimal Y,0; contents will be pursued in further studies.

The Al,O3-ZrO,(Y,03) materials were highly tolerant of growth defects maintaining an average
strength of 1 GPa in the presence of pores and large shrinkage cavities, which extend with crack-like
morphology along the fiber axis. Critical defects were external facets, intercolony pores and other stress
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concentrators contained within the low toughness Al,O; phase that is in residual tension. Future studies
will concentrate on strengthening the Al,O; phase and increasing the amount of deflection experienced at
the Al,0;-ZrO, interfaces through use of dopants to achieve a combination of high strength and an ac-

ceptable toughness.
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ABSTRACT

Tensile fracture properties of directionally solidified chromia-doped c-axis
sapphire fibers have been studied in a range of temperature (room
temperature up to 1400°C) and dopant content (0, 300 ppm and 1 % of
Cr:03). Delayed failure of the fibers was studied by measuring the
dependence of the tensile strength on the loading rate and by fractographic
studies on the fracture surfaces of the fibers. In all the temperature range,
the fibers doped with 300 ppm of Crz03 are slightly stronger than the pure
sapphire fibers. The least strong fibers are those containing 1 % of Crz0a.
For this badge of material, the beneficial effect of solution hardening is
counterweighted by increasing amount of defects caused by a faster
fabrication. Slow crack growth appears to be the process controlling delayed
failure at. higher temperature. Little contribution of slow crack growth to
delayed failure is found at the lower temperature.

Keywords
Sapphire, chromium oxide, tensile fracture, slow crack growth, fractography
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1.- Introduction

Directional solidification (DS) fabrication methods are ideal for the
obtention of ceramics with special compositions and microstructures.
Ceramic single-crystal and eutectic fibers is one of the significant examples
[1-8]. They can be fabricated systematically, even commercially, by DS with
controlled composition, allowing important fundamental studies on the
physical properties of materials.

Fibers are ideal for tensile fracture studies. With a relatively simple
configuration numerous fibers can be tested, addressing the intrinsic
statistical behavior of fracture [9], and a wide range of temperature can be

covered.

In recent years, a systematic effort has focused on the study of the effect
of dopants in fracture properties of sapphire (o-Al203, using DS fibers [1-
6,10]. The addition of dopants to sapphire is known to change structural
properties [11,12], by the .microscopic mechanisms of solution hardening
[13]. Studies by H. Sayir et al. [3] showed that enhanced high temperature
(HT) strength is obtained in MgO-doped sapphire, while the most efficient
dopant at room temperature (RT) is Ti4*. Extending a previous study by
Heydt at al. [6], that measured a clear increase in tensile strength in 100-
300 ppm Cr203-doped sapphire at 1200 and 1400°C, our work intends to
complete the understanding of the effect of the addition of Cr3* to the tensile
fracture of 0-Alz03. The extension of the mentioned research follows two
lines. First larger amount of dopant is used in a new badge of fibers,
specially fabricated for this study. Second, the range of temperature covers
from RT to 1400°C.

There exist several approached to the study of fracture. Itis well known,
for instance, that subcritical crack growth is a limitation to fracture strength
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in ceramics [9,14]. The stable growth of flaws under applied stresses less
than that for fast fracture (slow crack growth, SCG) is experimentally studied
by considering the phenomenological equation:

v = AK} (1)

where v is the crack velocity, Ki is the stress intensity factor, and N is a
constant. If N is bigger, the less likely is the material to undergo SCG [14].

When SCG is active, both static and dynamic fatigue are important in
ceramics. Static fatigue causes delayed failure and also makes the strength
dependent on the rate of increase of the stress on the material. The fastest
the stress is applied, the higher the strength is. Using this phenomenon, it
is possible to calculate N by means of experiments in which the average
strength is measured under different stressing rates [9,14]. The operant
equation can be demonstrated to be [15]:

ot =B(N+l)or‘-2(%) @

where o is the fracture stress for a given stressing rate, o is the
instantaneous fracture stress, and B depends on the fracture toughness, Ki,
and on geometrical aspects of the critical flaw. Equation 2 can be
transformed to allow the determination of N:

(1 ) o
log(o,)—(N+l)lo dt]+logD 3

by plotting the failure stress vs. the stressing rate.
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2.- Materials

All the materials for this study have been fabricated using directional
solidification techniques. = Chromia-doped sapphire (ruby) fibers were
fabricated using a laser-heated floating-zone technique (LHFZ) which has
been described elsewhere [6,15]. Compositions of the starting powders were
300 ppm and 10 wt.% Crz203-Al:03 (sample designations NASA-L and NASA-
H). Crzs; presents complete solubility in Al2O3 [15], however it is well
known that chromium volatilizes at temperatures over 1000°C [17], an effect
that has even been reported in certain conditions over 600°C [18], so actual
compositions after fabrication and after the heating cycle in the mechanical

testing are to be determined.

Additionally, highly-pure sapphire fibers were bought from Saphikon Inc.
(Milford, NH). Saphikon fibers are fabricated by a micro-pull down
technique [19]. In all cases, c-axis oriented crystals are used as seeds, so
resulting fibers are well oriented in the c-axis [4,5,6]. Typical diameters of
the fibers range from 110-140 pm (see Table I for details).

Fibers with low chromium content (NASA-L) were the subject of a previous
study by Heydt et al [6,20]. Tensile rupture tests were run at both 1200 and
1400°C, under constant strain rate. The composition of the as-fabricated
and thermally cycled samples was detailed studied by secondary-ion mass-
spectrometry (SIMS) and will be discussed below.
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3.- Experimental procedure
3.1.- Mechanical tests

. Mechanical experiments covered a wide range of temperature. Tensile
rupture tests were performed at 25 (RT), 800, 1200 and 1400°C. The
experimental setups for 25°C and for 1200 and 1400°C have been described
previously [9,21,22]. In the first case fibers length is 2.5 cm. In the second,
15 cm fibers are need, but the hottest zone in the MoSiz furnace is only 2.5
cm long. For experiments at 800°C a MoSiz horizontal furnace was built and
calibrated for this study. This setup uses 8 cm long fibers, and again the
hottest furnace zone is 2.5 cm. Effective material volume equivalent for
every condition. Experiments are only oonsidered valid when fracture
occurred in the 2.5 cm of reference, meaning less that 50% of the

approximately 300 fibers that were broken in this study.

The fibers were tested under different loading rates with a device spedially
built and calibrated for this study. This device works by adding water to a
container with a constant flow rate, ensuing a constant stressing rate.
Available loading rates were 3.50x103, 3.90x102, 4.60x10! and 12.60 N.s-1.
The flow of water stops when the fiber breaks, and then the water in the
container is weighted. This method allows the measurement of the tensile
load of rupture with an error that can be assess to be about 1% for the
slowest stressing rates and about 4.4% for the fastest, that was only used at
room temperature. Typical heating and testing time is about 100 min.

3.2.- Microprobe analysis and fractography

Electron microprobe analysis was conducted in a Philips XL30 scanning
electron microscope equipped with secondary (SE) and backscattered (BSE)
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electron detectors and with a Si(Li) energy-dispersive x-ray (EDX) detector

with an ultrathin window.

Semi-quantitative chemical analysis was conducted on the NASA-H
samples, both as fabricated and subject to the testing thermal cycle, by EDX
spectra using EDAX analytical software. Pure Al and pure Cr standards
were used for quantification. Both the exterior and the interior of the fibers
was analyzed. For studying sample inside, the fibers were epoxy-mounted
and polished flat down to 1 pm using diamond paste. In all cases carbon
was evaporated on the surfaces to make the samples conductive, with
negligible effect on the spectra.

Fracture surfaces were extensively studied to identify the critical defect
that originated the rupture, and also the characteristics of the crack growth.
Fracture ends of the fibers were identified and saved for these fractography
analysis. In the experiments run with the 15 cm fibers (higher temperature),
elastic recoil after rupture was responsible for multiple fracture of the upper
part of the fiber, making it impossible to identify the fracture surface. To
avoid catastrophic recoil, fibers upper end was beaded [23] to hold the fiber
to a syringe, that was then gripped for testing.

4.- Results
4. 1.- Microprobe analysis

Chromium content of the different fibers are listed in Table I. Composition
of Saphikon fibers is the advertised one. The composition of NASA-L fibers
was measured by Heydt et al. [6,20]. NASA-H fiber composition was

measured in this work.
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Figure 1 shows representative EDX composition maps for Al, Cr and O,
and an SE electron micrograph of the analyzed area for an as-fabricated
NASA-H sample. Aluminum and oxygen are homogeneously distributed
throughout the fiber section. Chromium, however, presents a larger
concentration on the outside of the fiber, while the interior shows a lower

and homogeneous concentration of the dopant.

The surface concentration of Cr in the as-fabricated samples is ~14.5 at%,
with a large variation along the fiber. Interior Cr measurements correspond
to spectral peaks well over the reference minimum detectable quantity
(~0.1%), and present a small error bar. When the fibers are cycled up to
800°C, no significant change is found in the internal and external
composition. The situation changes at 1200°C, in good agreement with the
expected volatilization of chromium over 1000°C. On one hand the exterior
of the fiber loses chromium down to half the values for lower cyde
temperature, and on the other the interior gains some Cr, but the increase is
still within the error bar. When cycled at 1400°C, the composition of the
interior and the exterior of the fibers balances at 1.1%. Some of the Cr
evaporates, but part of it may diffuse to the inside. Again, the composition
of the fiber interior appears to be homogeneous.

Figure 2 shows additional Cr maps in sections cycled at different
temperature. The corona of Cr concentration is lost at 1200°C, as the
composition of the surface an inside of the fibers balances. The lost of Cr on
the surface of the sample is also evident in the optical microscopy
observations, included in the figure. As-fabricated fibers present a deep red
ocolor (darker gray in the picture), that is lost as the Cr of the surface
volatilizes. All these features do not mean any change in the fiber
morphology or diameter, as seen in the SE micrographs in figure 2.

As a general result, the interior of the NASA-H fibers contains ~ 1 at% of
chromium for all the temperature interval. Effectively the range of fiber
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compositions then covers 0 Cr% (Saphikon), ~ 300 Cr ppm (NASA-L) and ~ 1
Cr% (NASA-H).

4.2.- Mechanical tests

In mechanical experiments rupture stress, o, is measured for different
stressing rates, 6. Rupture stress vs. stressing rate plots from our study,
for different temperature and type of fibers are shown in figures 3, 4, 5 and
6, and the average values are listed in Table II, along with corresponding
error bars. The listed results for NASA-L fibers at 1200 and 1400°C are
taken from the previous work by Heydt et al. [6,20], that tested the fibers
using a constant strain rate apparatus, and calculated the stressing rate

assuming elastic conditions.

Fracture is an statistical phenomenon, that is dominated by the presence
of critical defects [6], so it is typical to find large scatter in the rupture
stress. Even under this consideration, several trends are evident. The
tensile strength decreases systematically with temperature for every type of
fiber. NASA-L fibers are the strongest ones at every temperature, but results
are within the experimental error when compared to the Saphikon fibers.
NASA-H fibers, with the largest Cr content, are the weakest, with a lost of
strength near to 50% when compared to NASA-L fibers.

Additionally, an increase of the average tensile strength with stressing rate
is evident, at every temperature. This means that a value of N can be
calculated according to equation 3. When this value is large (> 40), then the
slope of the or vs 6 curve is very flat, so more experiments are need for a
better determination of N, with a wider interval of stressing rates, as seen in
the table (10! to 10® MPas-!, in orders of magnitude). Such is the case for
the room temperature results (figure 3). At this temperature more
experiments are possible because the testing technique uses smaller fibers.
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As a general scope, N is larger at room temperature and 800°C than at
1200 and 1400°C. The N values are determined by linear regression when
three data points are available. In all cases R2>0.90.

4.3.- Fractography

Representative fracture surfaces of the fibers are shown in the
micrographs of figures 7, 8, 9 and 10, for fibers broken at room temperature,
800, 1200 and 1400°C, under different stressing rates. In all cases fracture
origin is a fiber defect, either internal or external. No difference on fracture

surface features has been found to be correlated to stressing rate.

The qualitative features of fracture surfaces are typical, and are a result of
changes in the crack growth velocity [9,24]. Mid"ographs in figures 9 and
10, corresponding to the higher temperature experiments, present all the
significant characteristics: the fracture source is easily identified, and it is
surrounded by a small region that is considered to be originated by the slow
crack growth [4,24,25]. Micrographs in figure 11 show details of this type of
feature generally found in NASA-H fibers broken at 1200 and 1400°C .
Around it, a smooth mirror region is cleary seen. When the crack front is
large enough, when high crack velocity has been reached, crack branching is
evident [24,25], probably following sapphire crystallographic planes.

As the testing temperature decreases, the slow crack growth region
disappears and the mirror region is smaller. This observation is dear in the
micrographs in figures 6 and 7. In Saphikon fibers broken at room
temperature, the mirror region is absent.

10/06/2003; 12:34 10




Tensik Fracture of Directionally Solidified J.J. Quispe Cancapaet al
Chromia Doped Sapphire

5.- Discussion

Some studies on strength of pure are doped sapphire are now classical
[11,12,27]. The tensile strength results of sapphire-based fibers, with
different dopants and compositions, are presented in figure 12. The results
of this study, plotted for comparison in this graph, correspond to the
fracture stress in the experiments using the slowest stressing rates, that are
the lowest at each temperature, as presented in Table II. The results from
other studies [3,4,5] correspond to different stressing rate conditions, not
always specified. It is to be beard in mind, however, that even large changes
in the stressing rates only cause small changes in average tensile strength,
so qualitative comparison is possible.

The general trend of our results is parallel to that of other works, in terms
of the reduction of strength with temperature. Results on Saphikon fibers is
similar in the different studies at RT and at the highest temperature, but not
in the intermediate range. At 800°C, for instance, Newcomb and Tressler [4]
report a tensile strength higher than that reported by A. Sayir [5], and twice
the value measured in this study. It will be shown below, that it is also in
the range RT to 800°C where larger differences in the exponentN are found
between different studies. '

For similar dopant content of a few hundred parts per million, it is
apparent that Cr is less effective than Mg and Ti as additive for improving
strength. Sapphire doped with cations with ionic radius larger than Al** is
expeded to be stronger than pure sapphire due to the mechanism of
solution hardening [13,28]. Larger ions cause a deformation of the network,
and make the sliding of dislocations more difficult. An increasing size of the
cations produce a larger deformation of the network, and eventually
increasing strengths. Considering Mg, Ti and Cr, the expected result is:

omg2*> o> oce3* [11] which is the measured result at HT.
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The classical model of solution hardening by a small concentration of
discrete obstades [28] establishes that the improved yield strength, o, is:

o o< f3/2cl/2 (4)

where f is related to the energy barrier of each obstacle, then related to the
cation size, and c is the dopant concentration. For small additions of dopant,
the main effect on strength is related to the energy barrier to dislocation
sliding imposed the solute.

Considering equation 4, increasing dopant concentration should result in
bigger yield stress. This is not our observation, however. The addition of
larger amounts of Cr, up to 1 at%, reduces strength in all the temperature
range. Most likely explanation is the possibility of being the NASA-H fibers
more imperfect than other formulations. To achieve larger Cr contents in the
fibers, a more rapid laser-heating cycle is needed, which probably results in
more internal cavities. This type of defects are always the origin of fracture
in NASA-H fibers in the whole range of temperature. In Saphikon and NASA-
L fibers both internal and external defects are detected to be fracture origin.

Previous studies [21,22] reported that RT Weibull modulus is about 4 for
Saphikon and NASA-L and about 8 for NASA-H fibers, which would support
the suggestion of a larger defect population in the NASA-H fibers. The
evolution of Weibull modulus with temperature (800-1400°C range) in
Saphikon fibers was studied by A. Sayir. He found an increase in the
modulus from about 5 to about 18, with increasing temperature, and
correlated the effect with an growing activity of SCG with temperature [5].

In the plots of figure 13, the results listed in Table II are compared with

literature results. When these literature results are from constant strain

rate experiments, the transformation to constant stressing rate is made
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assuming a elastic behavior, with a representative Ejooo1=335 GPa. The
dependence of this value with temperature is weak [9]. The results on the
NASA-L fibers at 1200 and 1400°C are taken from the work of Heydt et al.
[6]. Previous assertions on strength, now under different stressing rates,
hold. A dependence of strength on stressing rate has been measured at
every temperature, suggesting that static fatigue may be active. Such result,
however, is indisputable only as temperature increases.

All the plots in figure 13 used the same scale in the axis, so the slopes are
directly comparable. These slopes are more flat at RT than at 1200 or
1400°C, meaning a decrease in the value of N with temperature. In figure
14, the N values calculated in this study are plot vs. temperature, including
some literature results [4,5]. Two regions are clearly distinguishable. From
RT up to 1000°C, N is larger than 20. Results by different authors present a
significant scatter, butN as high as 54 has been calculated in our study for
NASA-H at RT. From 1100 up to 1500°C, the interval for N is in the range

10-20.

When combine with the fractographic observations, it is possible to
suggest that SCG plays a role in the HT tensile strength of Cr-doped
sapphire fibers, then explaining the observed dependence of the strength on
the stressing rate. At lower temperature, N values are high, meaning a weak
dependence of the strength on the stressing rate, and fracture surfaces do
not present evidence of SCG. Static fatigue by SCG is then basically a HT
phenomenon is DS sapphire-based fibers, confirming observations by several
authors [3-6,12]. |

Several microscopic mechanisms have been claimed responsible for the
SCG process, from which we consider four: stress corrosion [29], diffusive
cavitation [30], dislocation assisted crack growth [31] and thermally
activated bond rupture [32]. Microstructural observations that may support
the activity of these mechanisms are quite difficult, when not impossible for
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the characteristics of the samples, fibers in this case, so speculation may

only rule out a mechanisms tentatively.

In the range of temperature for which SCG is active, the HT range,
fracture origin is typically an internal defect, with some exceptions in some
experiments on Saphikon fibers at 1400°C, so stress corrosion is unlikely to
be the SCG mechanism. Pore diffusive-growth in crack-like manner is also
quite unlikely in sapphire, given the shortness of the experiment, and the
slow diffusivities of atomic species in Al203. More detailed arguments can be
found in the literature [4]. Dislocation-assisted mechanisms can be also
ruled out. Given the orientation of the fibers, and the experimental
conditions, if plastic deformation was important at the crack tips twinning
should be observed [33]. Mirror surfaces are flat and smooth and no
striations are observed in the exterior of the fibers.

The most plausible SCG mechanism is thermally activated bond rupture.
Newcomb and Tressler [4] suggest the mechanisms of lattice trapping [32] for
HT-SCG in Saphikon fibers, and provide several qualitative supporting
features, both mechanical and microstructural. Among the last, the
topography of the fracture surfaces is of most importance. The particular
shape of the branching along crystallographic planes, which is dominated by
the differences in crack propagation velodty through those planes, is
predicted by the lattice trapping mechanisms.

6.- Conclusions

Directionally solidified pure sapphire and chromia-doped sapphire c-axis
fibers, have been studied in tension from room temperature to high
temperature under a range of stressing rates. NASA-L fibers are stronger
than Saphikon fibers, and both stronger than NASA-H fibers. Solution
hardening is suggested to be responsible for the increase of tensile strength
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in the fibers with low dopant content, and internal defects are considered
responsible of the reduction of tensile strength in the fibers with high dopant
content. High-temperature static fatigue is found in all the fibers. Slow
crack growth is the dominant process to explain the dependence of the
tensile strength on the stressing rate. Thermally activated bond rupture is
suggested to be the microscopic mechanism controlling HT-SCG in these
sapphire-based fibers.
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Table I. Fiber morphological and compositional characteristics”

Diameter Temperature
(wm) (°C)
Saphikon 140 25-1400
NASA-L 120 25-1400
NASA-H 110 25
800
1200
1400

Composition ( Cr at%)

Interior Exterior

0.8+ 0.2 145+ 6.0
0.8+ 0.2 13.5+ 8.5
09+0.1 6.0+ 5.0
1.1+ 0.1 1.1+ 0.1

* Data for NASA-L fibers are taken from Heydt [20]
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Figure Captions

Figure 1.-

Figure 2.-

Figure 3.-

Figure 4.-

Figure 5.-

Figure 6.-

Figure 7.-

Energy-dispersive x-ray maps, for aluminum, chromium and
oxygen, and corresponding secondary electron SEM micrograph
of an as-fabricated NASA-H fiber. The accumulation of Cr on
the exterior of the fiber is evident.

Optical microscopy, SEM, and EDS mapping micrographs of
NASA-H fibers cycled up to 800, 1200 and 1400°C. The
morphology of the fiber is unchanged, but the volatilization of Cr
is evident for 1200- and 1400°C-cycled fibers, both by the locse
of deep-red color of the fibers (grey in the micrographs), and the

absence of the Cr corona in the exterior of the fibers as seen in

the EDS maps.

Room-temperature tensile rupture results for (@) Saphikon, (b)
NASA-L and () NASA-H fibers.

800°C tensile rupture results for (a) Saphikon, (b) NASA-L and
(0 NASA-H fibers.

1200°C tensile rupture results for (a) Saphikon and (b) NASA-H

fibers.

1400°C tensile rupture results for (a) Saphikon and (b) NASA-H

fibers.

SEM miicrographs of fracture surfaces of (a) Saphikon, (b) NASA-
L and (c) NASA-H fibers fractured at room-temperature. '
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